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ABSTRACT

The purpose of the work in this thesis was to formulate a model for the prediction of microstructure

and mechanical properties of steel weld metals.

Existing work on the modelling of steel welds is reviewed in Chapter 1. The review includes important

metallurgical features of steel welds of relevance to modelling.

Previous work on allotriomorphic ferrite formation requires certain empirical corrections. The work
presented in Chapter 2 reduces the arbitrary use of correction factors which, as a bonus, also allows the
estimation of ferrite grain size. In addition, solidification-induced segregation is taken into account.

The transformation model works very well for carbon, manganese and nickel containing steel welds.

It is now extremely important that any welding process has a high productivity. This not only means
that the process should be automated, but also that the rate of weld metal deposition should be as large
as possible. To obtain data on large heat input welding, the cooling characteristics and microstructure
of experimental welds were measured as reported in Chapter 3. Quantitative metallographic data from

the large heat input welds have been compared against theory and some discrepancies are discussed.

Allotriomorphic ferrite formation is frequently accompanied by that of Widmanstitten ferrite. In the
past, such simultaneous transformations have been modelled by arbitrarily stopping one transformation
to permit the next in the sequence to commence (Chapter 4). This does not reflect reality so a new

model has been implemented.

Estimation of the inclusion characteristics in weld metals was attempted through thermodynamic
calculations in Chapter 5. Reasonable agreement is found between the calculations and experimental

observations. Phase stability exerts a significant influence on the inclusions in steel welds.

Data on solidification cracking in steel welds have been analysed using a classification neural network
in Chapter 6. It has been possible to express quantitatively, the effect of variables such as the chemical
composition and welding conditions, on the cracking tendency. The ability of the network to express

the relationship in a suitably nonlinear form is shown to be vital in reproducing known phenomena.

Appendices contain the statistical analysis of measurement of microstructure and some analytical
solutions which relate real and extended volumes in simultaneous transformations. Datasets and

programs developed in this work are also listed in the appendices.
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NOMENCLATURE

Side-length of hexagonal prism

Temperature at which ferrite+cementite becomes ferrite+austenite during heating

Temperature separating the ferrite+austenite and austenite phase field
Variable in the equation calculating the output in a neural network;

Qout = Z w§2)hi +6

Activity :)f carbon on austenite

Constant

Coefficient in Fourier series, A,,,, = U2, /(UZ, — h2d2 + 2h.d,,)
Coefficient in Fourier series, A, = U2, /(UZ, — h2d2 + 2h,d,)
Interatomic spacing in the boundary plane of austenite

Constant

Initial composition

Constant, c; = tan(30°)

Carbon concentration, moles per unit volume

Average carbon concentration, moles per unit volume

Concentration of component j in matrix at arbitrary time and position,
moles per unit volume

Average concentration of component j in matrix, moles per unit volume
Concentration of component j in austenite which is in equilibrium

with ferrite, moles per unit volume

Concentration of component j in ferrite which is in equilibrium

with austenite, mole per unit volume

Concentration of alloying element in liquid which is equilibrium with solid
Concentration of alloying element in solid which is equilibrium with liquid
Carbon concentration in gamma which is in equilibrium with cementite,
moles per unit volume

Carbon concentration in cementite which is in equilibrium with austenite,
moles per unit volume

Constant

Empirical constant derived by fitting experimental cooling curves

to the equation for three dimensional heat flow by Svensson et al. [1986] .
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AG,
AGY

crit
AG

AGY,

AGy
AGg

AGy,

Constant obtained by fitted with experimental results

Constant obtained by fitted with experimental results

Mean two-dimensional inclusion diameter

Heat transfer coefficient at plate surface, dp =a, /A

Mean three-dimensional inclusion diameter

Heat transfer coefficient at weld surface, d,, = o,/

Nominal ferrite grain diameter

Diffusivity of carbon in austenite, a function of the concentration
of carbon z/, and the substitutional alloying elements in austenite
Weighted average diffusivity of carbon in austenite

Boundary diffusion coefficient

Effective diffusion coefficient related to boundary or volume diffusion,
which depends on the coherency state of the nucleus

Term of diffusion coefficients of component 7, related with component k.
Diffusion coefficient in the solid

Volume diffusion coefficient

Integral function as a function of 6, i, Jt> Q1 Ipandt

Activation free energy

Fracture appearance brittle/ductile transition temperature
Lengthening rate of Widmanstitten ferrite

Isotropic growth rate of a particle

Free energy change per unit of ferrite accompanying ferrite growth
with carbon partitioning during growth

Free energy change for nucleation

Critical activation free energy of ferrite nucleation per atom

for nucleation on faces of austenite grains

Maximum free energy change accompanying the formation of

1 mol of nucleating ferrite

Maximum volume free energy change accompanying the formation
of a nucleus in a large amount of matrix phase

Driving force necessary for nucleation of shear transformations
Strain energy change per unit volume of ferrite

Stored energy of bainite (about 400 J mol~1)

Free energy change per unit volume
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for ferrite nucleation from supersaturated austenite

Stored energy of Widmanstitten ferrite (about 50 J mol~!)

Gibbs free energy change per mole in transforming the pure element X
from the delta ferrite to liquid to the liquid state

Zener ordering energy

Gibbs free energy of ferrite

Gibbs free energy of austenite

Free energy change accompanying the diffusionless formation of ferrite
from austenite

Critical amount of free energy change for martensitic transformation
Free energy change accompanying ferrite growth without substitute
elements partitioning; carbon partitioning during growth

Planck constant

Height of hexagonal prism

Plate thickness

Enthalpy

General variables (e.g. , positive integer or oxide denotation)
Welding current

Grain boundary steady state nucleation rate of allotriomorphic ferrite
per unit area of austenite boundary; IZ = I3’ + IBe 4 [5

Grain boundary steady state nucleation rate of Widmanstitten ferrite

per unit area of austenite boundary.

Steady state rate of nucleation of allotriomorphic ferrite on grain boundary corners

per unit area of boundary

Steady state rate of nucleation of allotriomorphic ferrite on grain boundary edges

per unit area of boundary

Steady state rate of nucleation of allotriomorphic ferrite on grain boundary faces

per unit area of boundary

General variables

(e.g., arbitrary component in alloy, positive integer or nitride denotation)
General variables

(e.g., arbitrary component in alloy (k # j) or positive integer)
Boltzmann constant

Equilibrium partition coefficient
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Equilibrium partition coefficient of alloying element X

0 order of 2nd kind of Bessel function

Constant term in the equation which defines the critical driving force
AGZ""" for martensitic transformation

Fraction of atomic sites on grain boundary which can support nucleation
f

Empirical multiplication factor for AG.,.,,

Length of the solidifying system

Mean lineal intercept of austenite grain

Intercept measurement from inclined sections

Intercept measurement from longitudinal sections

Intercept measurement from transverse sections

A lineal intercept measured in the transverse section

in-a direction normal to the major axes of grains

Mean lineal intercept measured in the transverse section

in a Direction normal to the major axes of grain sections

Mean surface-surface spacing of the inclusions

Number of division for the fraction solidified; positive integer
Number of measurement in lineal intercept or point counting
Number of the models in the committee in the neural network
Number of particles per unit area

AvogadroOs number

Total number of ferrite grains nucleated during the transformation
per unit volume of austenite

Number of face sites per unit area of boundary

Number of particles per unit volume

Area of any plane surface parallel to a particular austenite boundary
Oxygen concentration in weld metal in wt.%

Area of a particular austenite grain boundary

Total austenite grain boundary area

Actual area defined as the sum of the areas of intersection of

the allotriomorphic ferrite discs with a plane parallel to a particular austenite
boundary

Actual area defined as the sum of the areas of intersection of the alilotriomorphic

and Widmanstitten ferrite discs with a plane parallel to a particular austenite



boundary

(054 Extended area defined as the sum of the areas of intersection of the

allotriomorphic ferrite discs with a plane parallel to a particular austenite boundary
raw Extended area defined as the sum of the areas of intersection of the

allotriomorphic and Widmanstitten ferrite discs with a plane parallel to a
particular austenite boundary k

O% Extended area defined as the sum of the areas of intersection of the
and Widmanstitten ferrite discs with a plane parallel to a
particular austenite boundary

Q Heat input per unit length of weld

Q' Constant obtained by fitting with experimental results

Quct Activation free energy per atom for crossing the austenite/ferrite
nucleus interface

Q, Effective heat input per unit time, Q, =nlV

T Distance from point heat source

R, Distance from a centre of weld bead right-angled to a welding direction
for three dimensional heat flow

R Universal gas constant

s Shear component of the strain for a transformation

S Entropy

[S] Sulphur concentration in weld metal in wt.%

S, Theoretical critical spacing for which the velocity of the pearlite reaction becomes zero

S, Combined width of ferrite and cementite lamellae

Sy Austenite grain boundary surface per unit volume

S« Width of ferrite lamella in pearlite

S Width of cementite lamella in pearlite

t Time

ot Short time interval

to Solidification time needed to complete the solidification
in the very small solidifying system assuming the growth rate
of solid is constant

t, Time required to achieve a degree of transformation at a Temperature T;,

which is equal to £, obtained during isothermal transformation at the Temperature

T, where T, < T}



t,(T) Isothermal time required to transform a certain fraction of

at a arbitrary temperature

tn Target for the mth dataset in the neural network
tw Time after welding

T Absolute temperature

T, Ambient temperature

T, Temperature at which austenite first transform to ferrite
during continuous cooling
Ty Melting temperature
Tw Temperature at weldment at (X, R,,,) for three dimensional heat flow

and at (X, ,Y, ) for two dimensional heat flow

T A temperature

T, A temperature; T, < T}

Upn, Eigenvalues satisfying tan U,,, = 2h,d U, /(UZ, — h2d2)

Upn Eigenvalues satisfying tanU,,,,, = 2h,d, U,,./(U2, — h2dZ,)

v Rate at which a planer interface moves

v; Volume fraction of the products i; v; = v;/V, 4ai

v§ Extended volume fraction of the products i; v§ = v§/V, .0

v, Travel speed

| %4 Voltage

V Volume of the products i

Ve Extended volume of the products i

V, Fraction solidified

Viotal Total volume

| Volume fraction of inclusions

V, Volume fraction of microstructural component

V., Volume fraction of allotriomorphic ferrite

Voraw Volume fraction of allotriomorphic ferrite and Widmanstitten ferrite
Vv, Total average volume fraction of allotriomorphic ferrite through the segregation

segments in weld

Ve Allotriomorphic allotriomorphic ferrite volume originating one grain boundary
Ve Total extended volume of allotriomorphic ferrite
Vetaw Extended volume of allotriomorphic ferrite and Widmanstitten ferrite

Vo Volume fraction of martensite
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Actual volume of the ferrite

Moving coordinate, w = z,, — Vgty

Neural network parameters

Weight percent of an element ¢

Number of octahedral interstices around a single such interstice

Weight connecting the ith hidden unit (h,) and jth input in the neural

. network (7 = 1,2,3,...,n, where n is a number of input units)

Weight connecting the output and ith hidden unit (h,) in the neural
network (i = 1,2, 3,...,n, where n is a number of hid.den units)
Weight of nitride j in 1 mol of the system

Weight of oxide 7 in 1 mol of the system

Weight of slag in 1 mol of the system

Molar weight of the system

Input variables

Converted concentration of the element X in oxides in wt.%);

[Si) + [Mn] + [Al) + [T4] ~ 100

Original silicon concentration in oxides in wt.%;

[Sloriginat T (M7 originat + [Alloriginat T [Tilorigina < 100
Coordinates fixed to a plate

Average carbon concentration of alloy, mole fraction

Input variable in the neural network

Carbon concentration, mole fraction

Input variables in the neural network

U =1,2,3,...,n, where n is a number of input units)

Maximum value of the input variable series of z in the neural network
Minimum value of the input variable series of z in the neural network
Normalised value of an input variable z in the neural network;

Ty = (T = Trin)/ (Tmax — Tmin) — 0.5

Concentration of carbon in ferrite, mole fraction

Ferrite nucleus carbon concentration which gives the maximum free
energy change for the formation of 1 mol of nucleating ferrite,
mole fraction

Concentration of carbon in austenite, mole fraction

Carbon concentration in ferrite which is in equilibrium with austenite,
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Tc

mole fraction

Carbon concentration in austenite which is in equilibrium with ferrite,
mole fraction

Arbitrary substitutional alloying element

Coordinate which has an origin at a moving point heat source
Coordinate,

e.g., distance between austenite grain boundary and arbitrary plane
parallel to the boundary

Calculated output for the mth dataset in the neural network

Single prediction made by a committee by averaging the prediction
of of each model in the neural network

Neural network output

Coordinate normal to a diagonal line of the equilateral hexagonal section
of columnar austenite grain

Distance from a centre of weld bead right-angled to a welding direction
for two dimensional heat flow

Coordinate normal to interface plane

Constant obtained by fitted with experimental results

Total volume fraction transformed of n product phases

Total extended volume fraction transformed of n product phases
Half-thickness of allotriomorphic ferrite

Dimensionless coefficient for back-diffusion

Dimensionless coefficient for interdendritic back-diffusion
Parabolic-thickening rate constant for one-dimensional growth
Surface conductivity at plate

Surface conductivity at weld

Aspect ratio of 3

Activity coefficient

Dilatational component of the strain for a transformation

Actual volume of allotriomorphic ferrite divided by its equilibrium volume;
Ca=V,/ (Vtotat¢)

Actual volume of allotriomorphic and Widmanstitten ferrite

divided by their equilibrium volume
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0 Parameter; § = y/(,t'/?)

n Arc efficiency

Mo Ratio of length to thickness of allotriomorphic ferrite (taken as 3.0)
H A function of carbon concentration

e Ratio of the number of carbon atoms x,

to the total number of solvent atoms; © = z, /(1 — z,)

Thermal diffusivity
A Thermal conductivity
Av Mean center-center spacing of the inclusions
A, Distance between (002) austenite planes
T Chemical potential of carbon in ferrite
T Chemical potential of carbon in austenite
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Pre Density of iron
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o Total amount of n transformed products; o,, = Jil v
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of each input variable in affecting the output in the neural network
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CHAPTER ONE

Introduction and Literature Review

1.1 Aim of the Project

A number of new and high performance structural steels have recently been developed [e.g., Horii
et al., 1995c]. These steels are fabricated using arc welding which is a very reliable and efficient
joining technique compared with other methods such as riveting and bolting. Weldments define the
overall performance of steel structures since they focus stress by representing mechanical, geometrical
and chemical discontinuities. Hence, in order to exploit the new steels effectively, it is necessary to

undertake a parallel development of welding materials.

The development of welding materials can be a very complex process in which so many essential factors

have to be satisfied at the same time (Fig. 1-1).

Adequate mechanical properties, including the tensile strength and toughness, must be achieved in
weld metal over the range of service temperatures. Some actual examples of strength and toughness

characteristics for novel structural steels will be discussed in the next section.

Many types of welding materials have to be developed even for one specification of a newly developed
steel. This is to deal with all the usual welding techniques, positions and conditions encountered
during construction. Welding materials for shielded metal arc welding (SMAW), gas metal arc welding
(GMAW) and submerged arc welding (SAW) are required as a minimum. Much higher heat input
welding techniques such as electroslag welding (ESW) and electrogas welding (EGW) are sometimes
needed in order to achieve higher deposition rate for vertical welding used during for ship building and

civil engineering applications.

Weld metal microstructures determine the mechanical properties of the weld metal. A metallurgical
model of weld microstructure evolution is thus important both as a contribution to basic research and in
order to decrease the number of variables that need to be considered during the development of welding

materials.

The purpose of the work presented in this thesis was to formulate a metallurgical model for the prediction

p— l J—
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Fig. 1-1: Schematic illustration showing the features involved during the development
of steel welding materials.

of microstructure and properties of steel weld metal, such as solidification cracking susceptibility in the
weld metal. Such models already exist but it will be demonstrated that there are a number of significant

difficulties which have not yet been resolved.

1.2 Recent Developments in Wrought Steel

Oil and natural gas exploitation is being extended to the cryogenic and abyssal regions where the steel
structures must have sufficient toughness and strength at the low temperatures. Penstocks for hydro-
electric power generation systems, oil-transport piping and oil-refining equipment are most efficiently

operated at high pressures. Fig. 1-2 summarises the requirements for the energy-related industries

[Horii 1995a; Horii et al., 1995¢] .
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These metallurgical characteristics must be achieved at an affordable cost and hence the use of high



tensile steel with an ultimate tensile strength in the range 780-980 MPa.

Although Fig. 1-2 only shows the strength and toughness requirements for low temperature service,
heat- resistant steels which are employed at elevated temperatures are also in demand. Heat-resistant
alloys such as the classic 2.25Cr-1Mo steel, are used widely for pressure vessels in power stations or
in petroleum and chemical plant due to its outstanding mechanical properties at elevated temperatures.
Many power plant built twenty or thirty years ago are at present reaching the end of their design lives.
This has led to the development of the modified 2.25Cr-1Mo steel which is microalloyed with niobium
and vanadium to improve tensile and creep rupture strength [e.g., Shimomura et al., 1988; Ichikawa et
al., 1995]. The modified steel has been standarised under ASME CASE 2098-1 [1991]. These steels
must retain strength but also toughness in cold climates. ASME CASE 2098-1 in fact specifies a tensile
strength of 586 to 758 MPa and an average Charpy V-notch toughness of 54 J at 255 K.

There is another novel low-alloy heat-resistant steel developed for pressurised fluidised bed combustion
(PFBC) boiler [Ohhama et al., 1995]. PFBC power generation systems are being implemented for high
efficiency thermal power electricity generation with low environmental pollution. Table 1-1 shows the
required mechanical properties for any steel designated for the PFBC system. Several difficulties exist

in the development of welding materials for this PFBC system.

Table 1-1 : Required specifications of weld metal properties for Pressurised Fluidised
Bed Combustion Boiler.

Post Weld Heat Treatment Tensile Strength V-notch Charpy Absorbed
Condition at Room Temperature and Energy at -30°C /]
350C /MPa
As-welded >610 >47
580°C, 13.5hrs >610 >47

The mechanical properties should be satisfactory in both the as-welded condition and after post-weld
heat treatment (PWHT) at 580 °C. There are also problems in maintaining good weldability in these

high strength steels. In order to decrease the number of passes during the welding process and to
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improve the productivity, a narrow welding gap and groove preparation is employed. This increases the
risk of solidification cracking. Enhanced tensile strength and restrain by the heavy section increase the

carbon equivalent of the steel and increases the risk of hydrogen-induced cold-cracking.

Building construction materials represent one of the most common applications of structural steel.
However, unless fire protection is provided, conventional steel structures cannot maintain the required
strength in dangerous circumstances. This is one of the disadvantages of steel structures and many
countries therefore regulate for fire protection. Recently a fire resistant (FR) steel has been developed
which has better mechanical properties at elevated temperatures [Sakumoto et al., 1992; Ichikawa
et al., 1996]. The FR steel can sustain its yield strength at temperatures up to 600 °C, over two-
thirds of the strength specified for the room temperature. Besides the requirement to retain strength
at high temperatures, this steel also satisfies the conventional standard for rolled steels for welded
structures. Japan Industrial Standard [JIS G3106] for example specifies 490 to 610 MPa as the tensile
strength at room temperature, 17 % elongation and 27 J as the average Charpy V-notch energy at 0 °C.
These required properties are satisfied by the about 0.5wt.% molybdenum addition and micro-alloying
of niobium [Chijiiwa et al, 1993]. Welding materials for shielded metal arc, submerged arc and
electroslag welding have also been developed for this steel. Their weld metals also satisfy the above

requirements. -

1.3 Microstructures in Steel Welds

1.3.1 Microstructural Zones

There is a well-defined gradient of microstructure from the weld metal to the heat-affected zone as a
function of the distance from the fusion boundary in a one-pass weldment (Fig. 1-3) [e.g., Honeycombe

and Bhadeshia, 1995].

Matsuda [1972] categorised the weld microstructural zones and their properties into the following seven

regions according to the peak temperature range encountered.

1. Deposited Weld Metal

Peak temperature over 1500 °C (melting temperature). Melted and solidified weld metal.
2. Coarse Grained Zone

Peak temperature over 1250 °C. Part of heat affected zone where the austenite grains are coarsened.

The resulting increase in hardenability can lead to an increase in hardness and can cause cold-cracking.
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Fig. 1-3 : Schematic illustration showing microstructural gradient in a steel weldment
(after Honeycombe and Bhadeshia [1995]).

3. Mixed Grain Zone

Peak temperature from 1100 to 1250 °C. Intermediate zone between the coasened grained and grain-

refined zone.
4. Grain-refined Zone

Peak temperature from 900 to 1100°C. The austenite grains are fined. Mechanical properties, e.g.

toughness, are fairly good in this zone.
5. Globular Pearlite Zone

Peak temperature from 750 to 900 °C. The pearlite is spherodised or reaustenitised. Toughness is good

when the weld cooling rate is low but is often poor when the cooling rate is high due to the formation
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of martensite.
6. Embrittled Zone

Peak temperature is from 300 to 750 °C. Steels are occasionally embrittled during heat treatment in
this temperature range, either due to the segregation of impurities to austenite grain boundaries or due

to the precipitation of carbides.
7. Unaltered Basemetal

Peak temperature from room temperature to 300°C. The microstructure in this region is not heat-

affected.

1.3.2 Classification of the Microstructures in Steel

The microstructures in steel and characteristics of their transformations have been thoroughly reviewed
by Bhadeshia [1992] (Fig. 1-4). All varieties of ferrite which grow by displacive mechanism have the
form of plates (Table 1-2). The displacive transformations cause the shape of the transformed region
to change, the change being an invariant-plane strain with the large shear (s) [Watson and McDougall,
1973; Sandvik, 1982; Swallow and Bhadeshia, 1996; Wayman, 1964; Dunne and Wayman, 1971,
Bhadeshia, 1998 ] (Table 1-2), while the shear component of strain in reconstructive transformation is
0.

Table 1-2 : Approximate values of the shear (s) and dilatational (&) components of
strain for a variety of transformation products in steels (after Bhadeshia, 1998).

Tfansformation s 0 | Morphology Reference
Widmanstitten ferrite | 0.36 | 0.03 | Thin plates | [Watson and McDougall, 1973]
Bainite 0.22 | 0.03 | Thin plates [Sandvik, 1982]

[Swallow and Bhadeshia, 1996]
Martensite 0.24 | 0.03 | Thin plates [Wayman, 1964]
[Dunne and Wayman, 1971]
Allotriomorphic ferrite| 0 | 0.03 | irregular [Bhadeshia, 1998]
Idiomorphic ferrite 0 |0.03| -equiaxed

The microstructures observed in as-deposited low-alloy steel welds normally consist of allotriomorphic
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Fig. 1-4 : Classification of steel microstructures (after Bhadeshia [1992)).

ferrite o, Widmanstitten ferrite oy, acicular ferrite o, bainite o}, and microphases which include the
so-called martensite-austenite constituent (MAC) and degenerate pearlite [Bhadeshia and Svensson,
1993]. Bainite can be distinguished into lower bainite o, and upper bainite @1, due to the difference in
the distribution of carbides. The detailed aspects of the microstructures are reviewed below. A deeper

mathematical description will be discussed in the Chapters that follow. Although massive ferrite can
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be observed in Fe-C alloys, this microstructure will not be reviewed because it is hardly observed in

conventional arc welds or indeed in the vast majority of steels.

1.3.3 Allotriomorphic Ferrite

Ferrite which grows by a reconstructive mechanisin can be categorised into two main morphologies:
allotriomorphic ferrite and idiomorphic ferrite [Dubé, 1948, Aaronson, 1955, Dubé et al., 1958].
Allotriomorphic ferrite is the first phase to form on austenite grain boundaries during the cooling of a
steel weld below the Ae,; temperature [Bhadeshia, 1985c]. Here Ae; is an equilibrium v — 7' + «
transformation temperature. Because of its high formation temperature, the transformation involves the
diffusion of all atoms during the nucleation and growth processes. Allotriomorphic ferrite is therefore

classified as a reconstructive transformation [Bhadeshia, 1985c].

Allotriomorphic ferrite reduces the toughness of welds [Mori et al., 1981; 1982a; Horii and Ohkita,
1991]. Mori et al. investigated the effect of allotriomorphic ferrite fraction (V) and tensile strength
(o) on the fracture appearance transition temperature (F'ATT') of steel welds [1982]. They derived
an empirical equation which can estimate the F'ATT as a function of volume fraction and tensile
strength of allotriomorphic ferrite, for V,, up to 0.4 and o5 between 55.7 and 69.7 kgf mm ™2 (546
and 683 MPa):

FATT (°C) = 140V, + 1.501g (kgf mm™2) — 187 (1-1)

Some recent work contradicts this general impression that allotriomorphic ferrite should be avoided
and indicates that some allotriomorphic ferrite is a desirable constituent of weld microstructure. It is
well known that titanium and boron containing steel welds are often susceptible to embrittlement by
intragranular fracture at the columnar austenite grain boundaries [Lazor and Kerr,1980; Kayali et al.,
1984; Sneider and Kerr, 1984; Abson, 1987; Kluken and Grong, 1993]. Lazor and Kerr [1980] and
Kayali et al. [1984] have reported such failure in welds containing only of acicular ferrite. Ichikawa et
al. [1996] examined the mechanical properties of large heat input submerged arc welds designed for
fire-resistant steel. They demonstrated that the ductility of the welds at the high temperature (550 to

650 °C) deteriorated sharply in the absence of allotriomorphic ferrite (Fig. 1-5).

The intergranular fracture, with respect to prior austenite grain boundaries, became intragranular when
some allotriomorphic ferrite was introduced into the microstructure. In a study of the heat-affected
zone in weldments of steel tube for power transmission towers, Iezawa et al. [1993], demonstrated that
zinc embrittlement depends on the allotriomorphic ferrite content, which in turn varied with the boron
concentration. The absence of allotriomorphic ferrite at the prior austenite grain boundaries clearly

made them more sensitive to zinc infiltration, proving again that these prior austenite boundaries have
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Fig. 1-5 : Influence of microstructure on the ductility of fire-resistant steel weld metal
(after Ichikawa et al. [1996]).

a high-energy structure which is susceptible to wetting and impurity segregation [Bhadeshia, 1995b].

Watanabe et al. demonstrated that the introduction of allotriomorphic ferrite to austenite boundaries in



martensitic steel can improve hydrogen induced delayed intergranular cracking [1996].

All these advantageous characteristics of allotriomorphic ferrite on the properties are consistent with
its reconstructive nature of the transformation and can be explained comprehensively. Bhadeshia and
Svensson [1993] explained that a vestige of austenite grain boundary remains when the transformation
products are all displacive and that in presence of impurities this can lead to intragranular failure with
respect to the prior austenite grain boundaries. They thus suggested that allotriomorphic ferrite disrupts

the original austenite boundaries entirely and removes the sites for the segregation of impurities.

Allotriomorphic ferrite in steel has, because of its technological importance, been studied from the
point of view of both practical aspects and fundamental transformation theory. Therefore most of the
research on the modelling of the transformation in steels has focused on allotriomorphic ferrite. The
present study also deals mainly with the allotriomorphic transformation. The detailed transformation

mechanism, thermodynamic and kinetic aspects will be discussed in Chapter 2.

1.3.4 Idiomorphic Ferrite

Idiomorphic ferrite in steel has a faceted shape with the faces belonging to its crystalline form and
normally forms intragranularly [Dubé, 1948] Fig. 1-6 shows an example of idiomorphic ferrite in
Fe-0.1C-2.3Si-1.4Mn-2Cr-0.9Mo (wt.%) cast alloy [Ichikawa, 1997].

Bhadeshia [1985c] suggested that idiomorphic ferrite is taken to be that which has a roughly equiaxed
morphology. Idiomorphic ferrite is not often observed in steel weld metal. That is because reconstructive
ferrite normally starts at the high energy austenite boundaries and forms allotriomorphs. Nevertheless, it
may occur in weld metals which are cooled slowly such as during thermit welding since its metallurgical

process is similar to ingot casting.

1.3.5 Pearlite

Pearlite is a lamellar mixture of ferrite and cementité (Fe;C) which is formed by eutectoid transfor-
mation. The eutectoid carbon concentration in Fe-C alloys is 0.765 wt.%. This microstructure is
industrially very important especially for higher carbon concentration steel welds. Uchino, for exam-
ple, reported the existence of a eutectoid pearlite microstructure during the arc welding of railway steel
[1997]. He mentioned that at the carbon concentration of 0.78 wt.% fine lamellar pearlite was observed

and may have contributed to the improvement of wear resistance.

Pearlite usually nucleates at the austenite grain boundaries. The nucleation rate of pearlite is two orders

of magnitude smaller than that of allotriomorphic ferrite [Jones and Bhadeshia, 1997a].



Fig. 1-6 : An example of idiomorphic ferrite in Fe-0.1C-2.3Si-1.4Mn-2Cr-0.9Mo
(wt.%) cast alloy [Ichikawa, 1997].

The growth rate of the pearlite in a binary steel is expected to be constant since the average carbon
concentration in the product phases (ferrite and cementite) is equal to the composition in the matrix
phases far ahead of the advancing interface [Puls and Kirkaldy, 1972]. The composition is found to be
uniform within each lamella and the ratio of the thickness of ferrite and cementite is uniquely determined
by the original matrix austenite carbon concentration and the lever rule [Puls and Kirkaldy, 1972].
Based on these observations and assuming that the growth of pearlite occurs with local equilibrium at
the transformation front and is controlled by the diffusion of carbon in austenite, Zener [1946] obtained

the following expression which describes the growth rate;

_Dor(,_5 _
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where D is a diffusivity of carbon in austenite, k, is a geometrical factor and is equal to 0.72 for Fe-C,

S, is the combined width of ferrite and cementite lamellae, and S, is the theoretical critical spacing



for which the velocity of the reaction becomes zero. ¢p is a relative supersaturation and is given by
[Hillert, 1957];
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$r = (1-3)
where ¢Z* and c'(’;o are the carbon concentrations in austenite on the austenite/ferrite and at the austen-
ite/éementite interface respectively. cg’ and ¢’ are the carbon concentrations in cementite and ferrite
respectively, when they are in equilibrium with austenite. S* and S are the widths of ferrite and
cementite lamellae respectively. Zener [1946] and Hillert [1957] assumed that the system stabilises
at that spacing for which the velocity is a maximum and obtained the following expression [Puls and

Kirkaldy, 1972].
40T,

51 =25 = A\, AT

(1-4)

where 0? is the surface energy of the ferrite/cementite phase boundary and AH,, is the change in
enthalpy per unit volume between austenite and pearlite. T'g, is the eutectoid temperature and AT the

magnitude of the undercooling below T'g.

1.3.6 Widmanstdtten Ferrite

Widmanstitten ferrite is a plate-like variety of ferrite which forms at temperatures below that of
allotriomorphic ferrite and above that at which bainite forms. Watson and McDougall [1973] proposed
that the transformation mechanism is displacive; however the transformation can occur at a relatively
small driving force because the strain energy due to its displacive transformation mechanism is mitigated
by the cooperative growth of two mutually accommodating variants of ferrite [Bhadeshia, 1981a; 1985b;

1988]. This also leads to the wedge-like shape of Widmanstitten ferrite.

The displacive transformation mechanism of Widmanstitten ferrite has been uniquely confirmed by
Shipway and Bhadeshia [1997] who showed that the transformation is stabilised if the austenite is
plastically deformed prior to transformation. Only displacive transformation can be retarded by plastic
deformation. The amount of Widmanstitten ferrite decreased when the austenite was deformed as
the accumulated debris of dislocations interfered with the motion of the glissile Widmanstitten fer-
rite/austenite interface. Deformation does increase the number density of nucleation sites and hence
leads to a refined microstructure. This evidence is consistent with the growth of Widmanstitten ferrite
by a mechanism which is displacive. Yang and Chang [1997] also showed that the number of crystallo-
graphic variants of Widmanstétten ferrite is reduced by an applied compressive stress. They concluded
that all their own experimental results can be interpreted in terms of the invariant plane-strain displacive

mechanism for Widmanstitten ferrite.



The strain energy of the composite Widmanstitten ferrite plate is therefore small at about 50 J mol™?,

compared with that of bainite which is about 400 J mol~! [Bhadeshia, 1981a].

Spanos and Hall [1996] summarised three possible mechanisms of Widmanstitten ferrite formation

(Fig. 1-7).

Fig. 1-7a shows a morphological instability mechanism. This model assumes the formation of
Widmanstitten ferrite by the continuous development of growth instabilities at the ferrite/ austenite
boundaries of allotriomorphs. Townsend and Kirkaldy [1968] demonstrated reasonable agreement
between experimental and calculated Widmanstétten ferrite spacing applying the Mullins-Sekerka
theory [1963] but this analysis is of little use because the velocity during the diffusion-controlled
growth of the original flat interface varies with time. Townsend and Kirkaldy arbitrarily set this velocity

to particular values in order to reach agreement between experimental results and theory.

Aaronson and Wells [1956] suggested that sympathetic nucleation of Widmanstitten ferrite on al-
lotriomorphic ferrite crystal (Fig. 1-7b) led to secondary sawteeth in which there are ferrite/ferrite

boundaries between the sawtooth and the allotriomorph.

The third mechanism (Fig. 1-7c) suggested is that some primary Widmanstitten ferrite particles initially
nucleate directly from the austenite boundary and then quickly physically impinge along the austenite
boundary forming an apparent allotriomorph. The adjacent nucleation of secondary Widmanstitten
ferrite plates along the broad interfaces of primary Widmanstitten ferrite may also be possible. Spanos
et al. investigated these hypothesis using transmission electron microscopy (TEM), scanning electron
microscopy (SEM), electron back scattering pattern (EBSP) analysis and optical microscopy. They
demonstrated that groups of Widmanstitten ferrite plates and the allotriomorphs from which they
nucleate are not composed of monolithic single crystals which are formed by morphological instability
mechanism. It should be emphasised that none of these proposed mechanisms accounts for the shape

deformation accompanying the transformation to Widmanstitten ferrite.

Enomoto [1991a; 1991b] has developed finite difference computer model for the demonstration of the
transition from allotriomorph to Widmanstitten ferrite based on growth by the ledge mechanism. If
the supersaturation {2 is low (2 = 0.3), successively nucleated ferrite steps coalescence to the first
step and grow slowly forming a plane interface. If {2 is low (£2 = 0.65), initially nucleated few steps
grow toward the matrix and subsequently nucleated steps coalescence at the back of the growing ferrite.

However, the calculations depend critically on the ready availability of steps, which is an adjustable

parameter in the theory.
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Fig. 1-7 : Schematic illustrations showing the three possible models of formation of
Widmanstitten ferrite (after Spanos and Hall [1996]). (a) A morphological instability
model, (b) “sympathetic” nucleation model on interface of pre-existing allotriomorph.

and (c) rapid physical impingement model of primary Widmansttten ferrite.

The tendency of Widmanstitten ferrite to form.in packets might be detrimental to toughness and fatigue



properties of steel [Dieter, 1976; Grong and Matlock, 1986].

1.3.7 Bainite

Bainite is non-lamellar mixture of ferrite plates and cementite. It occurs in the temperature range
between pearlite and martensite are formed by isothermal decomposition of austenite [Hehemann,
1970]. Thus bainite can be observed in weld metals, for example, in chromium alloyed steel weld
metals which is used at elevated temperatures. Fig. 1-8 shows an example of the bainitic microstructure

observed in modified 2.25Cr-1Mo steel submerged-arc weld metal [Ichikawa et al., 1995].

Advanced high strength steel welds also often show bainitic microstructures [Devletian et al.,1995;
1996, Blackburn et al., 1996; Fiore, 1996]. Devletian et al. have recently studied the welding of
high strength low-alloyed (HSLA) steels using ultra low carbon bainitic (ULCB) steel [1995]. They
reported good strength and toughness for steels having a yield strength level of 100 ksi (690 MPa),
80ksi (550 MPa) and 65 ksi (450 MPa) (namely HSLA-100, HSLA-80 and HSLA-65 respectively)
hsing ultra low carbon bainitic steel welds. They also suggested that the ultra low carbon bainitic steel

welds are relatively insensitive to the cooling rate over the range 18 °Cs~! to 6 °Cs~!.

Bainite is a displacive transformation, nucleating at austenite grain boundaries and forming as aggregates
(sheaves) of small platelets or laths (sub-units) of ferrite. An invariant-plane strain shape deformation
with a large shear component accompanies the growth of bainite. There is no diffusion of iron or
substitutional solute elements during nucleation and growth. Carbon, however, must diffuse during

paraequilibrium nucleation but does not appear to do so during growth [Bhadeshia, 1981a].

Bainite can be distinguished into upper and lower bainite by its transformation mechanism and me-
chanical properties. The bainitic ferrite is free of carbides in upper bainite, where carbides grow from
the regions of carbon-enriched residual austenite which are trapped between the sub-units of ferrite. By
contrast bainitic ferrite in lower bainite contains plate-like particles of carbide [Bhadeshia and Christian,
1990]. Upper bainite is often observed in alloyed steel welds with tensile strength in the range 65 to
75 kgf mm=2 (637 to 735 MPa). This microstructure has a relatively low toughness compared with
acicular ferrite because upper bainite grows in packets of plates with a common cleavage plane [Horii,

1989].

Bainite should be able to form by a diffusionless transformation mechanism at a temperature just
below Tj, temperature where the austenite and ferrite of the same composition have identical free
energy [Bhadeshia and Edmonds, 1980]. Additional free energy is necessary to account for the strains

associated with the mechanism of transformation. A further temperature 7/, which incorporates a strain



that the strain energy term due to the shape change is about 400 J mol~' [Bhadeshia, 1981a]. The
growth of bainitic ferrite ceases at the maximum volume fraction 6, when the carbon concentration of

the residual austenite reaches the Ty concentration [Bhadeshia and Edmonds, 1979].

The nucleation mechanisms of bainite and Widmanstitten ferrite are identical [Bhadeshia, 1981a]. The
activation energy for the nucleation is a linear function of the maximum chemical free energy change
involved AG,,, [Bhadeshia, 1982b] (The derivation of AG,,, will be discussed in section /.4.5.5.). The
nucleation rate of bainitic ferrite per unit volume I fb at any temperature 7' Kelvin can be thus written
by [Bhadeshia, 1982b];

IZ = G, exp[(C, + C34G,,)/(RT)] (1-5)

where C;, C, and Cj are empirical constants and R is the gas constant. If the bainite nucleation rate at

the Widmanstitten ferrite start-temperature Wy is given by I.5 » €quation (1-5) can be rewritten as;

C,AT C.[AG. G
B _ 1B ) _ -3 m _ TN —
Ioy = Iws e"p[ RTWs; R ( T Ws)] | (1-6)

where C, = 27910 J mol~1, C5 = 3.679 [Rees and Bhadeshia, 1992].
AT supercooling, AT = Wg — T,

G y: the minimum necessary free energy change for the displacive nucleation of ferrite.

This equation for the nucleation rate can be rearranged to give [Rees and Bhadeshia, 1992];

K Ky ,AG
IaBb = Ky, exp (_ R‘;? - “’I,‘Z}ZT m) (1 - 7)

-1 . . . - . .
where Ky, = (LK},,) ", with K}, being an empirical constant and L the mean linear intercept

of a series of random lines which intersect with the austenite grain boundaries. K\, is an empirical

constant. Typical values of Kj;,, and Ky, can be seen in [Rees and Bhadeshia, 1992].

The overall transformation rate of bainite d§, /dt is then given by [Rees and Bhadeshia, 1992];

S-rhu-garmeen -1z (1429 ) ing]  a-y)
where
& normalised volume fraction of bainite; &, = v, /6, where v, and 6, are the actual and
maximum volume fraction of bainite respectively,
Jok an empirical autocatalysis constant (3 = 200), -

AGY : initial value of AG,;
AG,, = AGY [1 — (C,6,¢,/Cs)] where C, = 3.679 and C,, = 11 are empirical constants,
I, is Ky, (AGY, — G ) /(rRT) where r is 2540 J mol~!.



Thus in total there are six fitting constants (i.e., Cy, C3, Cy, Kiy/1, Ky and B ) for describing the

overall transformation rate of bainite with the approximation by Rees and Bhadeshia.

1.3.8 Acicular Ferrite

Acicular ferrite is, in general, a desirable microstructural component in low-alloy steel welds. It has
excellent strength and toughness [Ito and Nakanishi, 1975; Abson ez al., 1979; Cochrane and Kirkwood,
1979; Mori et al., 1981]. The finely dispersed nucleation sites in weld metals give the observed chaotic
distribution of acicular ferrite plate. This microstructure confers excellent toughness to the welds

because cleavage cracks are then frequently deflected [Ohkita et al., 1986].

Acicular ferrite forms at temperatures where reconstructive transformations are relatively sluggish and
give way to displacive transformations [Bhadeshia and and Svensson, 1993]. It is similar to bainite; ie.,
carbon diffusion occurs during paraequilibrium nucleation but not during its growth [Bhadeshia, 1992].
In fact, Rees and Bhadeshia [1994] have demonstrated that the universal nucleation function, which
describes the minimum driving force for detectable nucleation of acicular ferrite, is virtually identical
to that of bainite in ordinary steels and in weld metals. On the other hand acicular ferrite is known
to nucleate heterogeneously [Ito and Nakanishi, 1975] on non-metallic of inclusions inside austenite

grains, while bainite nucleates on the austenite grain surfaces.

Weld metals, although protected by fluxes or inert gases, usually contain large quantities of oxides
which become the heterogeneous nucleation sites for ferrite [Horii, 1989]. The nature of inclusions is
important for the formation of acicular ferrite. For example, Horii et al. [1995b] demonstrated that
small additions of titanium to weld metal promote the formation of (Mn, Ti)(Al, Ti),0,. There is no
general theory for the potency of ferrite nucleation sites. Several researchers have proposed necessary
features of inclusions as acicular ferrite nucleation sites. For example, Mori et al. [1981], Mills et al.
[1987], Thewlis [1989a; b] supposed that inclusion surfaces which have low misfit with ferrite accelerate
ferrite nucleation. Devillers et al. [1984] suggested that strain in the matrix austenite around oxides
accelerates nucleation. They showed that aluminium-manganese silicate display the lowest thermal
expansion coefficient in compounds they examined and that they are therefore the most likely to create
significant strains and contribute the nucleation. Jang and Indacochea [1987] assumed the significance
of the size of non-metallic inclusions due to the presence of 0.6 um and smaller inclusions within
fine acicular ferrite. Gregg and Bhadeshia [1994a; 1994b] have established a technique that allows
the systematic study of the ability of oxides and other compounds to simulate the nucleation of bainite
on mineral surfaces. They showed, using this technique, that TiO,, Ti,O4 and TiO are all effective

in enhancing the formation of bainite in the adjacent steel by a variety of mechanisms. They also



demonstrated that TiN by contrast is ineffective as a nucleation substrate for bainite. They categorised

minerals into three groups I, I and III (Table 1-3).

Table 1-3 : Relative efficacy of the minerals for stimulating bainite nucleation, after
Gregg and Bhadeshia, 1994a.

Group I Group II Group III
(effective) (effective) (ineffective)

TiO, Ti, 0, TiN
PbO, TiO MnAlLO,
MnO, Y -Al,O,
SnO, a- Al,O,
WO, NbC
MoO, CaTiO,
V, 0, SrTiO,
KNO, MnS

Minerals in Group I, including TiO, and MnO,, are oxygen sources which cause local decarburisation
on the adjacent steel matrix and hence stimulate transformation since a reduction of carbon reduces
the stability of austenite. Ti,O; in Group II absorbs manganese from the austenite matrix, thereby
reducing its hardenability, and hence stimulating ferrite nucleation; manganese absorption could not be
observed on TiO in the group. Minerals in Group III, including TiN and MnAl,O,, were found to
be ineffective. Zhang et al. [1996] applied a similar technique as Gregg and Bhadeshia and examined
ferrite nucleation potencies of pure polycrystal ceramics (VN, ViN, TiO, VN, AIN and Al,O3). They

showed VN to be most effective in stimulating ferrite nucleation whereas TiO was least effective.

The inoculation of steel welds with these effective non-metallic particles to produce acicular ferrite
is often combined with the addition of boron [Mori et al., 1981]. Boron segregates at austenite grain
boundaries, reduces their energy and thus suppresses allotriomorphic ferrite formation. Whereas the
effect of boron on the effectiveness of austenite grain surfaces as heterogeneous nucleation sites is
well established, its corresponding effect of inclusions as heterogeneous sites is not completely clear.
Yamamoto et al. [1996] discussed the interaction between Ti, O and boron. They suggested that the
Ti,0; contains cation vacancies which contribute to the preferential nucleation of other phases (e.g.,
MnS and TiN). They explained the detailed mechanism is that the frequency of lattice vibration at

vacancy sites of Ti,Oj interface is considered to increase after vacancies are filled with atoms in the



matrix around Ti,O4 by which vibration entropy increases. Due to this, both interfacial free energy and
internal energy of Ti,0; decrease with the diffusion of atoms into Ti,O. The resulting Mn-depleted
zone at the Ti,0g/austenite boundaries reduces hardenability whereas TiN decreases the interfacial
energy for ferrite nucleation. They also suggested that whereas boron segregates to the austenite grain
surfaces, it does not do so at the Ti, 03/~ boundaries because it is absorbed by the Ti,O5. The Ti, 04
therefore retains its ability to stimulate ferrite nucleation even in the presence of boron. This means

that the addition of boron will enhance the significance of inclusions as ferrite nucleation sites.

Zhang and Farrar [1996] suggested two types of nucleation and growth modes on the inclusions; the
growth direction of the acicular ferrite laths parallel or normal to the nucleating surface of the inclusion.
The former mode results in the “boxing in” of the inclusion whereas the latter leads to the enclosure of
the inclusions within ferrite plates. Ferrite plates nucleated on inclusions may in turn stimulate others,

a phenomena known as autocatalytic nucleation [Ricks et al., 1982].

Yang and Bhadeshia [1989] showed the clusters of acicular ferrite plates in high strength steel weld
metal form in such a way that adjacent plates tend to have a similar orientation in space because it is

easier to form plates with approximately the same orientation.

Farrar and Zhang [1995] showed that higher nickel contents in weld metal resulted in sharper acicular
ferrite laths with larger aspect ratios and that reducing the oxygen content increases the acicular ferrite
lath aspect ratio. The former effect has been explained by Singh and Bhadeshia [1998] who demonstrated
quantitatively that the reduction in driving force and the increase in the strength of the austenite due to
the addition of nickel, both decrease the thickness of acicular ferrite plates. A reduction in the oxygen
content is expected to increase the aspect ratio because the smaller number density of nucleation sites

allows the plates to lengthen without hindrance.

1.3.9 Martensite

Martensitic microstructures can be observed in high-strength-low-alloy (HSLA) steel welds with rel-
atively low heat input [Fonda et al.,, 1995]. The high hardness of martensite can make the weld
susceptible to cold cracking, requiring the use of preheating to reduce the cooling rate. The use of
preheat unfortunately reduces productivity. Ikeda and Oi and their co-workers have recently developed
welding materials for a tensile strength of 980 MPa steel with low cold cracking susceptibility for the
application to penstock [lkeda et al., 1997; Oi et al., 1997]. They identified that, for example, it is
necessary to keep the weld metal Vickers hardness below 380 in order to reduce the preheat required to

less than 75 °C for shielded metal arc welding.



Solidification induced chemical segregation can lead to the formation of coarse blocky laths of martensite
and béinite along the solidification or transformation sub-boundaries [Garland and Kirkwood, 1975;
Grong and Matlock, 1986]. Banded microstructures of martensite can sometimes be observed along
the primary solidification boundaries due to the local increase in hardenability caused by chemical
segregation. An example was shown by Buck [1984] in the submerged arc welding weld metal for

Ni-Cr-Mo alloyed steel.

Martensite grows without diffusion with a cooperative movement of atoms during the transformation
from austenite. Several empirical equations have been proposed for predicting the martensite trans-
formation start temperature (M) as a function of the steel composition [Payson and Savage, 1944;
Carapella, 1944; Rowland and Lyle, 1945; 1946; Grange and Stewart, 1946; Nehrenberg, 1946; Steven
and Haynes, 1956; Andrews, 1965]. These relations have been summarised by Cool [1996]. There also
is an equation by Hollomon and Jaffe, which includes the effects of aluminium, cobalt and vanadium
while it does not include silicon [1947]. These empirical equations work very well for most practical

purposes as long as they are not overly extrapolated.

Yurioka et al. [1987] and Okumura [1990] have presented empirical equations representing the marten-
site fraction V,,, as a function of the chemical composition and cooling time Atgoo—g00 between 800
to 500 °C and equations giving the hardness of the heat affected zone. According to their description,
V4 can be calculated by;

V,» = 0.5 — 0.455 arctan (X) (1-9)
where

log (AtSOO—»500) — log (AtM) _
log (Atg) — log (Aty,)

where At is the critical cooling time of 800 to 500 °C for which 100% martensite is obtained and

X (radian) = 4

At g is the cooling time for which the maximum fraction of bainite is obtained:

log (Atg) = 2.69CE,;; — 0.321 (1-11)

where CE; and CE;; are empirical carbon equivalents given by;

Wa: w w 1—0.16,/10
CE,=CP+2—Z'+ g“+uiC5“+ o ( 2 Cr)+wi;‘°+AH (1-12)
CE;;; =Cp+ Mn 4 YWou | Wni \ Wor | WMo (1-13)
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where w; weight percent of element i. C}, is a function of the carbon concentration:

Cp = wg, for wg <0.3 wt.%



Cp = =2 +0.25, for ug > 0.3 wt.%

AH is a function of boron concentration (wg);
AH =0, for wg < 0.0001 wt.%

AH = 0.03, for wg = 0.0002 wt.%
AH =0.06, for wg = 0.0003 wt.%
AH =0.09, for wg > 0.0004 wt.%

These equations can be applied for cooling time about 0.1 < Atgyy_s0o < 100 and compositions
we < 0.8 wt.%, wg; < 1.2 wt.%, wyy,, < 2wt.%, we, < 0.9 wt.%, wyy; < 10 wt.%, we, < 10 wt.%
and wy;, < 2 wt.% [Yurioka et al., 1987; Okumura, 1990].

A thermodynamic approach is also available for estimating the M s temperature as a function of alloying
element concentration [Kaufmann and Cohen, 1958; Bhadeshia 1981 b; ¢; Ghosh and Olson, 1993; 1994;
Ishida, 1995]. Kaufmann and Cohen [1958] presented AGY—2" as;

AG‘Y—.Q, = AGTT® + GZener (1 - 14)

where AG"™% is the free energy change from austenite to body-centered tetragonal martensite,
AG"™ is the corresponding free energy change from austenite to body-centered cubic ferrite and
G Zener is the Zener ordering energy which arises because the carbon atoms in ferritic iron can order
on one of the three available sublattices of octahedral interstitial site. The ordering changes the
lattice symmetry from body-centred cubic to body-centred tetragonal, when M is below the ordering

temperature T, [Fisher, 1949];
T(1-z5)
28080z

where ¢ is mole fraction of carbon. Martensitic transformation starts when the metal is cooled to a

Ty (K) = (1 - 15)

temperature where a critical amount of free energy change AGZ‘*"" for diffusionless transformation is

achieved. i.e., [Kaufmann and Cohen, 1958];
AGY™Y (Mg} = AGT— (1-16)

AGZ"“" is approximately —900 to —1300 J mol~! for low alloy steels, but is strictly a function of the

strength of the austenite. AGY™¢" thus varies with the alloy concentration.

Ghosh and Olson [1993, 1994] therefore expressed the critical driving force as a function of concentra-

tion in a manner consistent with the solid solution strengthening effect of each element in austenite;

—AGTTY = Ky +4009wd® + 1879wd® + 1980wld, + 172w + 1418005

o]

+1618w9 + 752wdd + T14wdP + 1653wgS + 3097wlS — 352wes (1~ 17)



where K is a constant which includes the combined effects of the interfacial and strain energy terms.
The maximum concentrations for equation (1-17) are approximately 2 wt.% for carbon and nitrogen,
0.9 wt.% for vanadium and about 2-28 wt.% for all the other alloying elements [Ghosh and Olson,
1993; 1994; Olson, 1995; Cool and Bhadeshia, 1996].

1.3.10 Microphases

Small quantities of “martensite-austenite-constituents” (MAC) can be detrimental to the toughness of
welds. Horii er al. [1990] revealed that second heating cycle to 550°C can improve the reheated
weld metal toughness due to the decomposition of the martensite-austenite-constituents to cementite.
Martensite-austenite-constituent formation at the intercritically reheated grain-coarsened heét-affected
zone has been well investigated [Nakao et al., 1985]. Fig. 1-9 shows the course of events [Nakao et al.,
1985; Horii, 1989];

1. austenite is nucleated on carbides and on any existing martensite-austenite-constituents on the
prior austenite boundaries just above Ac, (Temperature at which ferrite+cementite becomes
ferrite+austenite during heating) during the reheating caused by welding,

2. carbon concentration of austenite is enriched and becomes homogeneously distributed,

3. carbon is partitioned from ferrite to austenite leading to an increase its concentration during
cooling,

4. the carbon-enriched austenite transforms to partly martensite, the remainder being retained.

Retention of martensite-austenite-constituents in weld metal however has not been studied very well

from a point of view of the modelling.

1.4 Modelling of Transformations in Steel Welds

1.4.1 Introduction

Weld processes involve a large number of physical phenomena over a range of temperatures in a
very short time during continuous cooling from elevated temperatures. Very few of these can be
neglected (e.g., segregation of carbon) in order to convincingly represent the welding process. A few of
the phenomena include the treatment of thermal history, solidification-induced segregation, austenite
grain structure and finally solid-state transformations. Olson et al. [1993], for example, mentioned
a generic additive function that represents the factors which affect the transformations in steel welds.

Such a function should include terms that describe the following aspects which might be important in

determining weld metal microstructure:

1. alloying element hardenability effects,
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Fig. 1-9 : Schematic illustration showing the mechanism of martensite-austenite
constituent formation in the reheated region of steel weldment (after Nakao et al.
[1985] and Horii [1989].

2. interactions of solute partitioning effects and weld metal inclusion formation with phase
transformations,

3. weld metal chemical composition changes due to electrochemical reactions,

4. microstructural changes due to heat input and cooling rate variations,

5. compositional gradient effects during solidification.

They did not indicate how such functions may be derived and there is no justification for the implied

additivity of the different factors.

Most of the microstructural modelling has been based on phase transformation theory [e.g., Bhadeshia

et al., 1985a] and has been applied to the microstructural modelling of base steel [Saito, 1997]. The



following part of this chapter thus focuses on analytical models which are metallurgically interesting.
Other methodologies also have been recently proposed for microstructures and mechanical properties.
Bhadeshia et al. [1995] havé applied Bayesian neural network analysis for the prediction of impact
toughness of C—Mn steel arc welds. Application of this technique to the prediction of weld solidification
cracking will be discussed in a later Chapter. Umemoto [1995] and his co-workers [Kusunoki and
Umemoto, 1996] have proposed another methodology that estimates the strength of single-phase (i.e.,
pearlite) from the driving force of the phase transformation calculated by the thermodynamics. They
assumed that strength of materials is a function of “free energy remaining in the structure (AG,,)”
which includes grain boundary, dislocation and elastic strain energy of matrix and interfacial and elastic
strain energy on precipitates and matrix interfaces. Assuming that the (AG,,) is proportional to the
driving force, they have shown that the yield strength prediction agrees fairly well with th experiment.
By this method, any quantitative measurement of microstructures is not necessary but it still needs some
empiricism to relate the chemical driving force and (AG,,) and to have numerical expression of the

strength of materials as a function of AG,;.

1.4.2 Thermal History of Welds

The estimation of weld thermal history is important since the microstructure depends on the cooling
rate. It also influences cold-cracking which depends on the hardness achieved in the heat affected zone.
Hence, a large number of studies have been reported on the prediction of weld cooling curves involving
various degrees of empiricism. Rosenthal [1941] and Adams [1958] obtained analytical solutions for a

moving point heat source, neglecting radiation and heats of transformation:

for three dimensional heat flow,

exp [Xm - VX2 + R?n]
T, - T, = 9% (1-18)
4T Ak X2 + R2,
and for two dimensional heat flow,
Ty — Too = (Qp2mAh) exp (X,,) Ko (\/X}n ¥ Y,g) (1-19)
where
Xm = vsT, (2)



Ilip, yp’ Zp:

L g

s < 3

>

a

-
K,:

coordinates fixed to the plate (m),

coordinate which has an origin at a moving point heat source (m),

a distance from the centre of the weld bead normal to the welding direction for
three-dimensional heat flow (m),

a distance from the centre the weld bead normal to the welding direction for
two-dimensional heat flow (m),

temperature at ~weldment at (X,,, R,,) for three-dimensional heat flow and at (X,,,Y,,)
for two-dimensional heat flow (m),

far field temperature (K),

effective heat input per unit time (J s71), Q, = 01V,

arc energy transfer efficiency,

welding current (A),

voltage (V),

travel speed (m s™1),

thermal conductivity (J s~! m K),

thermal diffusivity (m? s™1),

plate thickness (m),

Bessel function of zero order and second kind of .

These equations are used frequently in combination with empirical fitting for the prediction of weld

cooling characteristics. Yurioka et al. [1985] derived an exact solution for the three-dimensional heat

flow due to a moving point heat source on a preheated plate with finite thickness, accounting for heat

transfer from the plate surface:

_ QP vgw > anzp hpd’w . anzp
Ty (:vp,yp,zp,tw) =T+ AR, exp (—7) ZAwn cos — + 7 sin—

where

n=0 P wn p

vgh,\ 2
(o (52))
p

> U,.z, h,d U
+2(Ti—T°°)ZApn<cos 2P+ 2 Psin ’mzp>

h U, h

n=0 P pn P
« sinU,, _ h,d, (cos Upn — 1) oxp [ - nUgnt
Upn Upn hy

(1 - 20)

= w?+y2+22

w:  moving coordinate, w = z, — vty (m),



r:  distance from point heat source (m),

ty: time after welding (s),

T,: initial temperature of plate or preheat temperature (K),

a,: weld surface heat transfer conductivity to ambience (J m~2 K s),
a,: plate surface heat transfer conductivity to ambience (Jm=2Ks),
d,: heat transfer coefficient at weld surface (m~1), d,, = o,/

d,: heat transfer coefficient at plate surface (m™!), d, = o, /),

U,n: eigenvalues satisfying tan (U,,,) = 2h,d, U, /(U2 — h2d2),
U,,: eigenvalues satisfying tan (U, ) =2h,d, U, /(U 2n — h2d2),

A,,,: coefficient in Fourier series, A,,,, = U2,/ (U2, — h2d2 + 2h,d,,),

. . . . . _ 2 2 2
A,,: coefficient in Fourier series, A, = U2, /(UZ, — h2d2 + 2h,d,).

Since the derivation is more representative of real welds, this solution is often used in practice. Kasuya
et al. [1993] have derived further solutions for weld heat flow: a moving heat source inside the plate
without neglecting plate surface heat transfer (Model I); an instantaneous line heat source (Model II);
and local preheating (Model III). For instance, contours of fusion line and phase transformation lines
as well as thermal history of large heat input submerged arc welding (SAW) and electrogas welding

(EGW) were predicted accurately using Model 1.

Above solutions have been applied successfully for the prediction of heat affected zone properties,
such as maximum hardness. Bhadeshia et al. [1985a] found that similar solutions (by Rosenthal)
were unsuitable for application to the weld fusion zone. They used instead an empirical adaptation for
three dimensional heat flow [Svensson et al., 1986] based on an approximation by Weisman [Welding

Handbook, 1981]:

Ty _ G c

— - 1 (T., —T)"? 1-21
where
Q: heat input per unit length of weld (J m‘l),

C,, C,: empirical constants derived by fitting against experimental cooling curves to the equation.

They found that this equation properly represents the cooling conditions as long as the constants C,
and C, are adjustable. Note that there is no position dependence in equation 1-21 so that it is assumed

that fusion zone cools at a uniform rate.

1.4.3 Modelling of Chemical Segregation during Solidification

Welds solidify more rapidly than conventional castings and therefore can be prone to chemical segre-



gation, particularly of substitutional alloying elements. This can influence their subsequent solid-state
transformation behaviour. Forexample, Gretoft ez al. [1985] suggested that segregation can significantly
increase the allotriomorphic ferrite content because the ferrite nucleates more eésily in solute-depleted

regions.

Solidification-induced segregation can be modelled by assuming that;
1. there is no concentration gradient ahead of the solid/liquid interface (i.e., uniform liquid
composition),
2. there is a flat solid/liquid interface,
3. the partition coefficient is the same as from the phase diagram,

4. the densities of the solid and liquid phases are identical.

Using these assumptions, Clyne and Kurz [1981] derived the following equations in order to estimate
segregation for one dimensional growth of solid phase:

liq ’
CE = {1— (1 — 2a'k,) V,}~Ak)/ (1-20'k0) (1-22)

fma [1—exp (L) = _1
a =a, [l exp( ao)] O.5exp< 2%)

where a, is a dimensionless diffusion time given by a, = (D,t,)/L?

with

D,: diffusion coefficient in the solid,

to: time needed to complete solidification assuming that the solidification rate is constant,
L:  length of the solidifying system,

c": concentration of alloying element in liquid phase,

Co: initial composition,

fraction solidified,

ky:  equilibrium partition coefficient.
The concentration of the solute in the solid, ¢*° can be obtained from the phase diagram as:
c*! = k,cta (1-23)

where

cso: concentration of alloying element in solid phase.

If solid-state diffusion is neglected, a’ becomes zero and equation 1-22 becomes:

cliq

ko—1 _
o s) (1-24)

=(1-V,



The concentration in the solid is thus:
¢ = kot (1= V) (1 - 25)

This equation (1-25) is a special case of equation (1-22) and is identical to the classical “Scheil equation”
[1942]. If solid-state diffusion is rapid or if the diffusion boundary layer is large, a’ tends towards a

value of 0.5, in which case:
ca 1
o 1-(1-k)Y,

This equation corresponds to the well known “lever rule” [Kurz and Fisher, 1992].

(1 - 26)

These calculations (equations 1-22 to 26) require the equilibrium coefficients k, for the partition of
solute elements between the solid and liquid phases. Using thermodynamics, the equilibrium partition

can be shown to be [Kirkaldy et al., 1978]:
ko = exp {A°G/(RT)} (1-27)

where A°G is the Gibbs free energy change per mole in transforming the pure solute from the delta

ferrite to the liquid state, R is the universal gas constant and T is the absolute temperature.

1.4.4 The Austenite Grain Structure

The austenite grain boundary surface per unit volume Sy, influences the rate at which allotriomorphic
ferrite nucleates and grows [Bhadeshia et al., 1987]. Nucleation is also possible on grain boundary
edges and corners. However, in steel welds, nucleation on the edges and corners can be ignored
because the austenite grain size is large enough and since since ferrite formation starts at relatively high

supersaturations [Bhadeshia et al., 1985a; 1987].

The columnar austenite grain geometry typical of welds can be represented approximately by a space-
filling array of hexagonal prisms, each of which has a side-length of “a_” and the height of “h_” as

illustrated in Fig. 1-10 [Bhadeshia and Svensson, 1993].

The mean lineal intercept of the austenite grain L is an average of measurements from several differently
oriented sections. For example, Bhadeshia et al. [1986a] derived:

L,+L,+L,

L=
3

(1 - 28)

where L,, L, and L, are intercept measurements from the transverse (i.e., the plane abed in Fig. 1-11),
longitudinal (i.e., the plane which contains line gh and is parallel to the plane bce) and inclined sections

(i.e., the plane abef) respectively.



Fig. 1-10 : A space-filling hexagonal prism represents the austenite grain geometry
(after Bhadeshia et al. [1993]).

According to Underwood [1970], this L is given by:

= 1% h '
L=——°° 1-29
30.5ac + 2hc ( )
For weld deposits, the austenite grains are elongated h, >> a, , so that
L=3%g, (1 —30)
Sy, can be calculated from [DeHoff and Rhines, 1968]:
2
=73 (1-31)

However, because of the directional microstructure of welds, the lineal intercepts, such as , L,, L, and

L,, are a function of scan orientation relative to the microstructure [Bhadeshia et al., 1986a]. Thus,



b

Fig. 1-11 : Diagram illustrating the different sections on which austenite grain sizes
are measured. The line gh is the weld centre-line. The plane abcd represents the
transverse section. The plane abe f represents the inclined section. The plane which
contains line gh and is parallel to the plane bce represents the longitudinal section.
After Bhadeshia et al. [1986a).

experimentally, the austenite grain size of weld metal has conventionally represented by a mean lineal
intercept determined by superimposition of scaling line on transverse sections (i.e., the plane abcd in
Fig. 1-11), not in a random orientation relative to the microstructure, but in a direction normal to the

major axes of the grain sections (hereafter, that is defined as L,,,) [Bhadeshia et al., 1986a.

The theoretical prediction of austenite grain size in steel welds is still impossible. For instance, an
experiment by Babu ez al. [1991] demonstrated that influence of the crystallographic texture of the base
metal on the austenite grain size in weld deposits. Approximate empirical regression equations exist

which can help estimating the mean lineal intercept L,,, as a function of the chemical composition and



heat input @ [Svensson et al., 1986]:
L,, (um) = 64.5 — 445.8wg + 138.6wg; — 7.591wy,, + 16 (Q, kJ mm™) (1-32)

This equation can be applied for 0.044 < wg < 0.152, 0.25 < wg; < 0.41, 0.60 < wy;, < 1.93in
weight percent and 0.6 < Q < 4.3.

1.4.5 Metallurgical Model for Allotriomorphic Ferrite Formation

1.4.5.1 Thermodynamics

Thermodynamics indicates that a substance takes its state in which the free energy is minimum at a

certain temperature and pressure. The Gibbs free energy is:
G=H-TS (1-33)

where H and S are enthalpy and entropy respectively. During equilibrium between austenite and ferrite
in pure iron:

G, =G (1-—34)

07 a

where G, and G, are Gibbs free energies of austenite and ferrite respectively. For a steel (Fe — C

alloy) the carbon concentration is an additional variable. G, can then be represented by:
G, = (1~ 23) i, +zLu (1-35)

where z(, is the concentration of carbon in austenite, u}., is the chemical potential of iron in austenite

and p/; is the chemical potential of carbon in austenite.

Similarly, G, is given by:
Go = (1 - 25) pie + 2EHE (1-36)
Notice that in these equations the free energy of the phase is in effect partitioned between contributions

from the two components iron and carbon. Equilibrium between phases is now defined by the equality

of chemical potentials:
Pre = Bpe and pg = pg (1-37)
This is illustrated in Fig. 1-12 where the top diagram shows the case where phases of composition z,

and z& are not at equilibrium. The equilibrium state is illustrated in Fig. 1-12b, where the common

tangent construction is seen to be consistent with equations 1-37.
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Fig. 1-12 : Common tangent construction giving the equilibrium compositions of
austenite and ferrite at a fixed temperature T' = T (after Bhadeshia [1995a]). Where

T is average carbon concentration of the matrix austenite.

1.4.5.2 One-dimensional Growth Kinetics

Industrial steel welds may contain a number of substitutional alloying elements such as silicon and
manganese in addition to interstitial carbon. A kinetic analysis therefore requires a consideration of
multicomponent alloy systems. For simplicity, we consider a ternary Fe-C-X system, where X is a

substitutional solute.

Suppose that a planar austenite/ferrite interface moves with a speed v in the direction 2z, normal to the

interface plane. Mass conservation at the interface requires that [Hillert, 1953; Kirkaldy, 1958; Purdy

et al., 1964; Coates, 1973]:

(61" —ct")v=-D;; Ve, =Dy, Ve (1-38)



(c}"‘—c‘{')v:—D”ch—Dchl (1-39)

where
c;-"": concentration of component j in austenite which is in equilibrium with ferrite,
moles per unit volume,
: concentration of component j in ferrite which is in equilibrium with austenite,
moles per unit volume,
c;: concentration of component j at an arbitrary time and position in the matrix,
moles per unit volume,
D defines the dependence of the flux of component j due to the gradient in the concentration of
component k.

For motion of semi-infinite matrix, the interface position Z along the co-ordinate z is then given by;
Z = o,t%° (1-40)

where Z = 0 att = 0, ¢ is a parabolic-thickening rate constant for one-dimensional growth, and ¢ is
the time. The interface velocity is therefore v = o, /(2v/t). The derivation of c; will be discussed in

section /.4.5.8.

Manganese is a typical substitutional solute in steel welds so that the Fe-C-Mn system will be considered

here. Equations 1-38 and 1-39 may be approximated by (subscript 1 = carbon and 2 = manganese) :

(Cga ~ ¢y )v=—Dy, Ve, (1-42)

if cross-diffusion effects can be neglected. Since D;; > D,,, it is not in general possible to satisfy
these equations simultaneously. This means that the tie-line defining interface compositions has to be
chosen such that it either reduces the gradient of carbon to compensate for the large D, ;, or makes the

gradient of manganese very large to compensate for the small D,,.

Fig. 1-13 schematically illustrates isothermal section of the Fe-C-Mn phase diagram with the average

alloy composition defined as ¢; and ¢, [Coates, 1973; Bhadeshia, 1985c].

For the low supersaturation case, if a tie-line is chosen such that ¢]® = ¢, the gradient of carbon is
reduced greatly to compensate for its large diffusivity. For the alloy identified A, this would entail the
choice of tie-line cd such that the activity of carbon in the austenite at the interface is the same as that

of carbon far away from the interface. Ferrite growth by this mechanism is called “Partitioning Local
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PLE or the NPLE mechanism can operate. (d) The paraequilibrium phase field within

the equilibrium phase field.



Equilibrium (PLE)” mechanism, because c3” is quite different from €,. In the case of Fe — C — Mn
system, this mechanism gives a considerable partitioning of manganese into austenite and subsequent

long range diffusion of manganese into austenite [Coates, 1973].

Another choice of tie-line makes it possible for c3” — ¢, (e.g., line cd for alloy B in Fig. 1-13b).
The gradient of c, is then drastically increased since only very small amounts of manganese can be
partitioned into the austenite. In this high supersaturation case, the flux of manganese atoms at the
interface correspondingly increases and manganese diffusion can then keep pace whilst carbon with
satisfying the mass conservation conditions of equations 1-41 and 1-42 [Bhadeshia, 1985c]. This ferrite
growth mechanism has been defined as “Negligible Partitioning Local Equilibrium (NPLE)” mechanism
since the manganese content of the ferrite approximately equals the bulk concentration. Therefore, this

mechanism gives little manganese partitioning into the austenite [Coates, 1973].

Fig. 1-13c shows the division of the austenite + ferrite phase field into regions where either the PLE or

NPLE mechanism can operate exclusively [Bhadeshia, 1985c].

1.4.5.3 Paraequilibrium

The concept of “paraequilibrium” describes the kinetically constrained case in which the carbon atoms
at the austenite/ferrite interface are in local equilibrium but the substitutional solutes do not redistribute
during the transformation. The normal equilibrium phase diagram no longer applies. With the parae-
quilibrium phase diagram , there is only one possible choice of tie-line for any specified alloy (e.g.,

tie-line de in Fig. 1-13d) [Hultgren, 1951].

1.4.5.4 Calculation of the TTT Diagram

A method of the estimating the Time-Temperature-Transformation (TTT) diagram for arbitrary steel
has been derived by Bhadeshia using a theory due to Russell [1969]. Theory for the incubation period
Tg, defined as the time taken to establish a steady-state nucleation rate for a coherent nucleus, is given

by:

T
S — (1-43)
(AG)" Dg
Whereas that for an incoherent nucleus is:
T
Tg X —————— (1-44)
(AGY)" Dy

where AGY, is the maximum volume free energy change accompanying the formation of a nucleus in

a large amount of matrix phase, D is a boundary diffusion coefficient and D, is a volume diffusion



coefficient. These relations can be generalised as [Bhadeshia, 1982a]:

T

Tg O g (1 - 45)
(AG);.)I[J D,

where D, ;; now becomes an effective diffusion coefficient which depends on the coherency state of

the nucleus, as does the exponent p.

Bhadeshia [1982a] pragmatically identified the incubation period with the time required to detect
isothermal transformation, and also made the activation energy for diffusion temperature dependent to

obtain:
Ts (AGm)p
TZ

_9

In RT

+C, (1 — 46)

where AG,, is the chemical free energy change accompanying the formation of 1 mol of nucleating
ferritet and 2/, Q’, C, are constants obtained by fitting with experimental results. The derivation of

AG,, will be discussed in following section /.4.5.5.

Bhadeshia obtained p = 4, Q' = 0.6031 x 107%J mol~}, C, = 1.905 and z’ = 20 for reconstructive
transformations, and p = 5, Q' = 0.2432 x 1075J mol~!, C, = 1.350 and 2’ = 20 for displacive

transformations in steel.

The “C” curves calculated in this way have as their upper limits the temperature. For allotriomorphic
ferrite, this is simple because transformation becomes possible once the Ae; temperature is reached.
To deal with the displacive transformations, Bhadeshia [1981a; 1982a] considered the driving force
AG y is necessary nucleate shear transformations such as Widmanstitten ferrite and bainite. On the
basis of thermodynamic analysis of transformation-start-temperatures he proposed that the following

simultaneous equations have to be satisfied for the shear transformation nucleation.

the initiation of Widmanstitten ferrite:
AG, < AG) (1-47)
AGTT e < Gy (1 — 48)

where AGY—7'+2 s free energy change accompanying the growth of ferrite without substitute elements

partitioning; carbon partitioning during the growth. G gy, is stored energy of Widmanstitten ferrite and

is about 50 J mol~!.

In the equations 1-43 to 45, the maximum free energy change for the nucleation is represented in
per volume of ferrite and is designated by AGY, but here it is represented with AG,, in per mole by

multiplying AGY by the molar volume of ferrite.
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1.4.5.6 Additivity Rule

Actual welding phenomena involve continuous cooling so that methods are required to translate from

isothermal transformation behavior to anisothermal reaction.

Scheil [1935] proposed the “additivity rule” in which transformation should be considered to commence
during continuous cooling when the sum of the ratio of time to incubation time reaches unity. Assuming
that isothermal time ¢, (T') is required to transform a certain fraction ¢ . at an arbitrary temperature T,

the criterion of the transformation start time ¢ is then:

/0%—‘2%=1 (1-52)

This additivity rule can only be justified under the “isokinetic assumption”. A reaction can only be
“isokinetic” if nucleation and growth rates are proportional each other as a function of temperature

[Avrami, 1940] or if all the nucleation sites have been exhausted (i.e., “site saturation”) [Cahn, 1956b].

1.4.5.7 Nucleation Rate

Classical nucleation theory gives the steady state rate of nucleation of allotriomorphs on grain boundary

faces per unit area of boundary as [Christian, 1975]:

- (a6l + )
15 = NI kBTT exp = Qo (1-53)
where
Nt number of face sites per unit area of boundary,
kg: Boltzmann constant,
h: Plank constant,
Aan-t : critical activation free energy of ferrite nucleation per atom for nucleation on faces
of austenite grains,
Qe activation free energy per atom for crossing the austenite/ferrite nucleus interface.

The detailed derivation of the value of AGgm.t will be discussed in Chapter 2. The activation energy
per mol for self-diffusion of iron in the ferrite phase is 2.5 x 105 J mol~! [Handbook of Chemistry and

Physics, 1977]. Then the value of Q,,, is:
Quet = (2.5 x 10°)/N, ( J atom™?) (1-54)

where N4 is the Avogadro’s number. This approximation is Justified because the interface is likely to

be coherent at the nucleation stage.



1.4.5.8 Modelling of Growth Kinetics

The half-thickness Z of an allotriomorph of ferrite which has formed during continuous cooling
transformation may be calculated by integration [Bhadeshia, 1985a]:

t1
Z= [ 05a,t7%5dt (1—55)
0

where the alloy reaches the temperature at which austenite being to transform to ferrite at ¢ = 0, and

the temperature at which the transformation stops at ¢t = ¢, during continuous cooling.

Therefore, it is necessary to determine the rate constant c;. Considering the simplest one dimensional
ferrite growth model, the half thickness Z is given by equation 1-40. Fick’s second law for the matrix

becomes: _
Oco _ 0 {D(acc/az)}
ot 0z

where the boundary conditions are ¢, = ¢ at z = Z(t), and c» = ¢, at t = 0, where
ary C C c C

(1 - 56)

cc: carbon concentration, mole per unit volume,

c&”: carbon concentration in austenite which is in equilibrium with ferrite, mole per unit volume,

ol

c: average carbon concentration, mole per unit volume,

D: weighted average diffusivity of carbon in austenite.

The weighted average diffusivity of carbon in austenite D is obtained by [Trivedi and Pound, 1967]:
_ Tc D (LY
D=/ _(%dzg (1-57)
> Tc — Zc
where D is the diffusivity of carbon in austenite and is a function of the concentration of carbon in

austenite 2, and of the substitutional alloying elements. Siller and McLellan obtained the following

expression for the diffusion coefficient [1969; 1970].

_ kgT —AF*\ A .
D(xhl,T) == (exp T ) 3FmH(6) (1 —58)
with
H (©) W(l+0) 1 da]
—— 1 _
o Ot { I—(05W +1)0 + (0.235W2 + 0.5W) (1 — 3) 62 } T1+0) 56
@ =1-exp(-w,/kgT)
where

W:  number of octahedral interstices around a single such interstice,

AF*: an activation free energy,



I',.: activity coefficient,

A, : distance between {002} austenite planes,

w, : nearest neighbour carbon-carbon interaction energy in austenite,

©:  ratio of the number of carbon atoms z; to the total number of solvent atoms; © = x, /(1 — z;),
a  activity of carbon in austenite.

Bhadeshia [1981d] found AF* /ky = 21230 K and In{I},,/)2} = 31.84 K.

Babu and Bhadeshia [1995] demonstrated that with the appropriate activity functions, this procedure
also works very well for Fe-C-X (X = Mn, Nj, Si, Al, W, Cr, Mo and Co) alloys, the exception
being Fe-C-Cr alloy, for reasons which are not clear, there is a relatively large discrepancy observed

between the calculated and experimental data.

Conservation of mass at the moving interface gives:

-1/2 _
& - (25-) -7 (52) (1-59)
z2=7Z
where

¢ carbon concentration in ferrite which is in equilibrium with austenite, mole per unit volume.

Equations 1-40, 1-56 and 1-59 can be solved simultaneously [Zener 1949; Dubg, 1948; Atkinson, 1967]

to give an implicit relation for a;:

5 _ e 3 2
co% cg;a = (0'_2_571-) o {exp [ o }} 1—erf | -2 (1-60)
cc'—¢cc \ D 4D/m 231/2

Note that the concentrations c, in mole per unit volume, are frequently replaced by mole fractions.

The volume fraction of ferrite V, can be estimated from the half-thickness Z and the geometry of the
austenite grains. For the columnar austenite grains representation of welds, and assuming a uniform

value of Z, it can be shown that [Bhadeshia, 1985a]:

_4Zc3(a, — Zcy)
= a2

|4

o3

(1-61)

where c; = tan (30°). This procedure has been extensively demonstrated to work well, but only when
the calculated fraction is multiplied by an empirical factor about 2 [Bhadeshia, 1985a]. It is believed
that this consistent underestimation of V,_ is caused by the neglect of nucleation, since equation (1-61)
relies on the existence of an infinitely thin uniform layer of ferrite surface at the austenite grain surface

fort = 0 (Fig. 1-15a).
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Fig. 1-15 :  Schematic diagrams illustrating allotriomorphic ferrite formation

[Bhadeshia et al., 1985a] (a) and modified [Bhadeshia et al., 1987] as is the one
in reality (b).



To cope with nucleation, Bhadeshia et al. [1987] used Avrami theory (Fig. 1-15b):

I {1- G} = T ¥ a0 (0,750, 12,0) (1-62)

where )
£ O, 12,8) = [ [1—exp {~05mI (ne,)? ¢ (1 - 0%) ) as
0
Ca = V: ct/ (‘/total¢)
6 = y/(alto.s)

Sy:  austenite grain surface per unit volume,
Vact: actual volume of the ferrite,

Viotar: total volume,

¢:  equilibrium volume fraction of ferrite; ¢ = (2 — 7o) / (3 — z27),
IB:  total nucleation rate of allotriomorph,

Mo  ratio of length to thickness of allotriomorphic ferrite (taken as 3.0),

y: distance between austenite grain boundary and an arbitrary plane parallel to the boundary.

The total grain boundary steady state nucleation rate of ferrite per unit area of austenite boundary I, f

can be expressed as [Cahn, 1956a]:
12 =18 4 1B 4 5 (1-63)

where Ife is the nucleation rate on grain boundary edges and I fc is the nucleation rate on grain

boundary corners.

However, as mentioned previously, nucleation on the edges and corners can be ignored in the case of

welds, so that IZ ~ I2? . For site saturation takes place, equation 1-62 simplifies to:

Cl(l-¢,) = z—jﬁ—valto"" (1-64)

Then volume fraction of allotriomorphic ferrite V,, can be given by:

act
v, = La
« vy

total

= ¢C, (1-65)
The theory has not yet been applied in full to experimental data.

1.4.5.9 Ferrite Grain Size

Predicting the ferrite size is very important because mechanical properties, such as toughness and yield
strength are a function of grain size. The nominal ferrite grain diameter Za is defined by the ASTM



method [ASTM designation E 112-82] as the square root of the average area of a grain on a section

observed. d,, can be deduced by [Umemoto et al., 1984]:

d, (m) = (%)1/3 (1 - 66)

where N is the total number of ferrite grains nucleated during the transformation per unit volume of

austenite.

1.5 Summary

The mechanisms of phase transformations in low-alloy steels have been summarised with emphasis on
the microstructures of welds. It is evident that a great deal of progress has been made in this general

area of microstructural calculation. Nevertheless, there remain significant difficulties.

Welds are prone to chemical segregation during solidification which should affect the subsequent trans-

formation behaviour. A solidification model should therefore be incorporated into the transformation
model.

The theoretical prediction of austenite grain size in steel welds is still impossible. Only empirical
regression equations exist which can help estimating the mean lineal intercept of the austenite grains as

a function of the chemical composition and heat input.

The detailed theory developed for the modelling of nucleation and growth of allotriomorphic ferrite in

steel welds has not yet been applied in full to experimental data and needs to be assessed.



CHAPTER TWO

Modelling of Allotriomorphic Ferrite
Transformation in Steel Welds

2.1 Introduction

Allotriomorphic ferrite (c) is the first phase to form from the austenite when a low-alloy steel weld
cools below its equilibrium -y — ~ + « transformation temperature (Aejy). It nucleates at the columnar
austenite grain boundaries. Because these boundaries are easy diffusion paths, they soon become
decorated with thin, continuous layers of ferrite [Honeycombe and Bhadeshia, 1995]. The ferrite grows
by a reconstructive mechanism in which all the atoms diffuse, but only the carbon partitions between
the residual austenite and the growing ferrite. This is because the cooling rate of welds is too high
to permit any long-range diffusion of substitutional solutes. Thus, the layers of ferrite thicken by a
paraequilibrium mechanism at a rate which is controlled by the diffusion of carbon in the austenite
ahead of the transformation interface [Bhadeshia et al., 1993]. The purpose of this chapter is to describe
a new model for the calculation of this phase, whose importance is discussed first in order to set the

computations into context.

As discussed in Chapter 1, it has in the past been accepted that allotriomorphic ferrite is bad for
weld metal toughness because it offers little resistance to cleavage crack propagation. The mechanical
properties, especially toughness, improve as allotriomorphic ferrite is progressively replaced by acicular
ferrite. Nevertheless, there is growing evidence [Lazor and Kerr, 1980; Sneider and Kerr, 1984;
Kayari et al., 1984; Abson, 1987; Bhadeshia and Svensson, 1993; Ichikawa et al., 1996] that some
allotriomorphic ferrite must be retained in the microstructure in order to disrupt the austenite grain
boundaries and hence reduce the chances of impurity—induced embrittlement phenomena at the prior

austenite grain boundaries in the final microstructure.

To avoid failure at the prior austenite grain boundaries, it is therefore necessary to decorate them with
allotriomorphic ferrite. But this layer of ferrite must be thin so that it does not in its own right lead to
a deterioration in toughness. The requirement to strictly control the allotriomorphic ferrite content in

turn necessitates accuracy and a high level of reliability in any design calculations. A previous model



for allotriomorphic ferrite [Bhadeshia ez al., 1985a] is not adequate since it suffers from two significant
problems. The first is that nucleation is not explicitly included in the analysis, which assumes the
existence of an infinitely thin and uniform layer of ferrite at all the austenite grain surfaces at the
point where ferrite formation first begins. The model cannot therefore deal with discontinuous layers,
or predict a ferrite grain size. The second difficulty is that all the predictions have to be corrected

empirically by a factor of about two.

Bhadeshia ef al. [1987] presented the theory for a more sophisticated approach to the calculation of
allotriomorphic ferrite, but did not at the time explbit the model. The purpose of the present work is to

fully apply the theory to weld deposits.

2.2 Transformation from Homogeneous Austenite

The following is a method allowing the calculation of grain size and transformation kinetics. Many of

the theoretical details have been reviewed by Christian [1975] and subsequently by Bhadeshia [1985c¢].

Allotriomorphic ferrite nucleation is considered to occur at the austenite grain surfaces. The austenite
grain size is defined by the amount of grain surface per unit volume Sy. The shape of the austenite
grains (equiaxed or columnar) determines the specific relation between Sy and standard stereological

measurements.

Each allotriomorph, prior to site—saturation, is modelled as a disc parallel to the austenite grain boundary
plane on which it nucleated. The allotriomorph has a half—thickness Z and radius NeZ, Where 7, is
an aspect ratio of the allotriomorph. 7, is considered constant and taken to equal 3 because the
lengthening and thickening process are actually coupled [Bradley et al., 1977; Reed and Bhadeshia,
1992]. The aspect ratio is considered to be constant because in reality, lengthening and thickening are
coupled processes, at least prior to impingement along the austenite grain boundary plane. Impingement
may include both hard impingement which is physical contact between particles nucleated at different
locations, and soft-impingement which represents the overlap of concentration (or heat) fields of

different particles.

The analysis presented below follows the method of Cahn [1956a] and Avrami [1939], for the calculation
of isothermal reaction kinetics. It assumes diffusion—controlled growth in which the proportionality
constant relating the thickness of the allotriomorph to time is @, the one—dimensional parabolic
thickening rate constant. The detailed calculation of o, as a function of the alloy chemistry, diffusion

coefficient etc. has been described in Chapter 1. Nucleation at grain edges or corners is ignored, so that



the analysis only applies at high supersaturations. The general theory of overall transformation kinetics

is reviewed by Christian [1975].

Consider any plane surface of total area O parallel to a particular boundary; the extended area 0O¢ is
defined as the sum of the areas of intersection of the discs with this plane. The instant of time when a
particular allotriomorph nucleates is called the incubation time 7. It follows that the change dO¢ in O

due to a disc nucleated in the interval t = T and t = 7 + d7 is:

do; = WObe [(naa1)2(t —T)ldr for a,(t-— 7')0'5 >y ( )
2—-1
dO% =0 for a,t—-71)°%5%<y

where y is the distance between the boundary and an arbitrary plane parallel to the boundary and 0, is
the area of the particular grain boundary. The nucleation rate per unit area of austenite grain boundary

is IB
is 1.

Bearing in mind that only particles nucleated for 7 > (y/c;)? can contribute to the extended area

intersected by the plane at y, the whole extended area is given by:

t—(y/en)?
Oi= [ () 70,12~ r)dr
0

= 0.5m0,12 (n,a,)%*[1 — 6%

(2-2)

where 6 = y/(a,t%%).

The relationship between the extended and the actual areas is given by [Christian, 1975; Cahn, 1956a]:

Os _ 04 _
5 =—l{l-22) (2-3)

where O, is actual area defined as the sum of the areas of intersection of the discs with a plane parallel
to a particular austenite boundary. Assuming that there is no interference from other boundaries, the
total volume V.f of material originating from this grain boundary is obtained by integrating for all y

between negative and positive infinity; in terms of 6, the integral amounts to:

1
Vb= /0 20,0,t%3(1 — exp{-05/0,})d6

1 —_—
= / 20,0,t%°(1 — exp{—0.57I2 (n_a,)?*[1 — 6%]})de (2-4)
0

= 20,0,t%£{8, 1,0, 12, 1}
where

1
f{ﬂ’ Na®1) If’ t} = / (1- exp{—O.57rIf(naa1)2t2[l - ‘94]})610
0



If the total grain boundary areais Og = Y O,, then by substituting Op for'Ob in the above equation
the total extended volume VZ of material emanating from all boundaries is found. This is an extended
volume because allowance was not made for impingement of discs originating from different boundaries.
Thus,

Ve =20g(a,t*%) f{8,n,2,, 15,1} (2-5)

and if V,, , is the total volume, and S, the austenite grain surface per unit volume, then:

Vact
Vt::az s=1- exp{=V3/(Viota®)} (2-6)

where ¢ = (27 — Z)/(z7* — 7). It follows that

~In{1 - ) = Lyt 1 {6, m,00, 12,1} (27

(i.e., equation 1-62) where (, is the volume of ferrite divided by its equilibrium volume (i.e.,

V:Ct/(‘/totalqs))'

2.3 Austenite Grain Structure of Welds

For an equiaxed grain structure, standard stereological theory [DeHoff and Rhines, 1968] gives

2

S, =
VT I

(2-8)

where L is the mean lineal intercept measured by projecting randomly oriented test lines on random

sections of the microstructure.

The austenite grain structure of welds is highly anisotropic, consisting of columnar grains. The grain
which

represents the mean lineal intercept measured on the transverse section of a weld, in a direction normal

surface per unit volume, Sy, has to be related to the usual experimental measurement, L,,,,

to the major grain axis.

It has been demonstrated that the columnar grains can be represented by space—filling hexagonal prisms.

A cross-section of such a grain is illustrated in Fig. 2-1.

Given the way in which ftn is measured, it can be assumed that the test lines are always parallel to one

side of the hexagonal cross—section. It follows that

Jo o 50° {2a, — 2y,/tan60°}dy,
tn a, cos 30° (2-9)
= l.5a,

L
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Fig. 2-1 : The hexagonal cross-section of a columnar austenite grain which

is assumed to have the shape of a hexagonal prism in three dimensions.

It then follows from equations 1-30, 1-31 and 2-9 that:

2 V3
Sy ~ sothat S, = =— 2—-10
14 \/gac 14 Ltn ( )

2.4 Grain Boundary Nucleation Rate

Classical nucleation theory [Christian, 1975] gives the nucleation rate per unit area as

f
Iff = Nf—sz exp{—%AGC’"Z; Qact } (2-11)

(i.e., equation 1-53) where N is the number density of grain surface nucleation sites, k g and h are the

Boltzmann and Planck constants respectively, R is the gas constant, AG,{rit is the activation energy for



nucleation and Q,_, is the activation energy for the transfer of atoms across the embryo/matrix phase
boundary. As in Chapter 1 the latter is taken to be the activation energy for the self-diffusion of iron
[Handbook of Chemistry and Physics; 1977], since the nucleus is likely to be coherent with the matrix.
Thus, @, = 2.5 x 105 Jmol 1.

The number density of sites is assumed to be
Nf=2_1 (2-12)

where b = 0.25 nm is the interatomic spacing in the boundary plane. If each atom is capable of
nucleating ferrite then K = 1, but this is unlikely. K is therefore treated as a non-dimensional

adjustable parameter whose value is 5 x 10~7.

The activation energy AG,{,.“ should be a function of the chemical driving force for nucleation (AG,,)

and the embryo/matrix interface energy per unit area (o):
A a?

it = A2
o AGY

where K3 is the second adjustable parameter whose value was obtained by fitting to experimental data

AG Kg - (2-13)

on welds as 0.1 per atom for o = 0.05 J m~2.

As mentioned in Chapter 1, nucleation on the edges and corners can be ignored in the case of welds, so

that I3 ~ IB7,

2.5 Ferrite Grain Size

The ferrite grain “diameter” Ea is defined by the American Society for Testing and Materials (ASTM)
[designation E 112-82] as the square root of the average areal grain—intercept on plane sections for

equiaxed grains. It is related to the number density of ferrite grains per unit volume, N g by the equation
1-66.

2.6 Cooling Curve

As discussed in Chapter 1, the cooling curve of the fusion zone of a weld, over the transformation
temperature range of interest, can be represented empirically using a form of equation due to Weisman

(equation 1-21) [Welding Handbook, 1981].

When the units of heat input, temperature and time are given by Jm~!, °C and seconds respectively,
the values of C;, C, and 7 can be taken to be those given in Table 2-1 [Svensson et al., 1986] for the

manual metal arc and submerged arc welding processes.



Table 2-1 : Values of empirically determined heat—flow constants for the
calculation of the cooling curve over the transformation temperature range
[Svensson et al., 1986].

Process C, C, n
Manual metal arc 1325.0 1.60 0.775
Submerged arc 1.076 2.6798 0.9

2.7 Anisothermal Transformation

The kinetic theory presented above deals with isothermal transformation. The transformations occur
during the continuous cooling of welds. It is therefore used the additivity approximation to deal with
this [Christian, 1975]. The cooling curve is, over the transformation temperature range, divided into a
series of discrete temperature steps which may be arbitrarily small. Suppose it takes a time period AT,
to achieve a fraction &; of transformation at a temperature T}, where the subscript represents the first
step in the cooling process below the paraequilibrium Ae, temperature. AT, is the time spent at T}

(Fig. 2-2).
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Fig. 2-2 : Schematic illustration of the isothermal and continuous cooling

transformations.

At a lower temperature T5,, the time required to achieve a degree of transformation equal to & is solved

using the isothermal theory to be equal to say ¢,. Thus, the total amount of transformation that is



assumed to occur during the interval Aez and T, is £, which is obtained using the isothermal equation
for a time interval ¢, + AT,. This process can be continued for further cooling until transformation is

complete.

As explained in Chapter 1, the “additivity rule” can only be justified under the “isokinetic assumption”.
A reaction can only be “isokinetic” if nucleation and growth rates are proportional each other as a
function of temperature [Avrami, 1940] or if all the nucleation sites have been covered with product
phase (i.e., “site saturation”) [Cahn, 1956b]. Its application to allotriomorphic ferrite must therefore be

regarded as an approximation.

2.8 Solidification-Induced Segregation

Welds generally solidify under conditions which are far from equilibrium. Consequently, the mi-
crostructure is rarely chemically homogeneous, the severity of any segregation depending both on the
cooling conditions and the detailed average composition. The influence of this segregation on the
formation of allotriomorphic ferrite is incorporated in the present work using the the Scheil [1942]

equation for solidification.

It is assumed that there are no concentration gradients ahead of the solid/liquid interface, that the
interface is flat, that there is local equilibrium at the interface, that the densities of the solid and liquid
phases are identical and that there is no diffusion in the in the solid phase. This situation is described by
Scheil’s equation for solidification as the equation 1-25. We need to estimate the equilibrium partition
coefficient k, of each alloying element to calculate c*** by the equation 1-25. Values of k, are calculated
using equation 1-27. A°G, Gibbs free energy change per mole in transforming the element concerned

from the §—ferrite to the liquid state, is tabulated in Table 2-2 for a variety of solutes.

Table 2-2 :  Gibbs free energy change per mole in transforming the element
concerned from the J—ferrite to the liquid state [Kirkaldy et al., 1978]. T is
the absolute temperature.

A°Gy, 16.33T — 34333
A°G,,, —9.66T + 12980
A°G —1.591T — 8876
A°G, 9.17T — 19260
A°G,,, 9.59T — 27634
A°G,, 9.63T — 21354




The partition coefficient is calculated at the melting temperature of the steel, which is estimated using
an empirical equation due to Smrha [1983]:

T,, = 1537—(88w¢ + 8wg; + 5wy, + Swg, + 1.5wg,

+ dwy; + 2wy, + 2wy + 30wp + 25wg) °C 2- 14)
The spatial distribution of all the elements can therefore be calculated and it is assumed that this
distribution is not changed during cooling from the solidification to the transformation temperature.
Carbon, however, is assumed to be distributed homogeneously since it diffuses very rapidly. To apply

this model to weld metal, the fraction solidified is partitioned into a number n of segments as illustrated

in Fig. 2-3.
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Fig. 2-3 : Schematic illustration of the concentration profile calculated using

the Scheil equation and the partitioning of the profile into discrete segments.

The fraction solidified thus becomes
1 1 .
fS:E——% wherei =1,2,3,...,n (2-15)

where ¢ identifies the segment number. In this study, n is defined as 100. The value is supposed to

be a reasonable value because of the following reasons. If n is too small, the model cannot represent



the solute distribution profiles properly. If that is too large, then the solute concentrations become very

large at large ¢ and exceed the ranges of a dilute solution which is an assumption of the model.

Transformation behaviour is then calculated separately for each segment and the mean amount of ferrite

taken to be representative of a real weld. i.e., If the volume fraction of ferrite in i-th segment is V_(3),

the total fraction in the weld as a whole, V,_, is given by:

Vo= 3 (Ve ) 2- 16

2.9 Application to Welds

The experimental data used to validate the model are listed in Table 2-3; the data are from the published
literature [Bhadeshia ez al., 1986b; Evans, 1983; 1990; 1991, Gretoft et al., 1985; Svensson and Gretoft,
1990; Surian et al., 1994].



Table 2-3 : Chemical compositions of the weld metals.

Mark Chemical compositions of the weld meals 7 wt.% Ref.
C Si Mn P S Cu Cr Ni Mo Vv

C1 0.045 0.30 065 0.008 0.006 - - - - - (1)

c2 004 0.32 098 0.008 0.006 - - - - -

Cc3 0.04 032 1.32 0.007 0.006 - - - - -

C4 0.045 0.30 1.72 0.008 0.006 - - - - -

C5 0.059 0.33 0.60 0.008 0.007 - - - - -

Cé 0.063 035 1.00 0.008 0.006 - - - - -

c7 0.066 037 135 0.007 0.005 - - - - -

Cs8 0.070 0.33 1.77 0.008 0.006 - - - - -

c9 0.099 035 0.65 0.009 0.008 - - - - -

C10 0.098 0.32 1.05 0.009 0.007 - - - - -

C11 0.096 0.30 129 0.009 0.007 - - - - -

C12 0.093 0.33 1.65 0.007 0.007 - - - - -

C13 0147 0.40 063 0.007 0.008 - - - - -

C14 0152 041 1.00 0.007 0.007 - - - - -

C15 0.148 0.38 1.40 0.007 0.007 - - - - -

C16 0.141 0.36 1.7 0.007 0.006 - - - - -

CMi 0030 045 07 0010 0013 : : - : - A

Ccm2 0032 045 127 0.010 0.008 - - - - -
CM3 0.031 042 1.71 0.010 0.004 -
CMm4 0.032 045 205 0.010 0.020 -
CMs 0.059 034 0.77 0.010 0.010 -
CMé 0.059 033 1.09 0.010 0.008 -
Cm7 0.059 0.30 144 0.010 0.006 -
CMs8 0.065 033 1.83 0.010 0.003 -
CcMm9 0.090 041 078 0.010 0.013
CM10 0.089 0.35 1.18 0.010 0.011
CcMm11 0.088 0.37 1.59 0010 0.011
CM12 0.098 0.39 225 0014 0.008
CM13 0120 043 0.86 0.014 0.011
CM14 0120 044 1.35 0014 0.010
CM15 0.130 0.37 183 0.011 0010
CM16 0110 0.36 2.18 0.011 0.008

Yoo

AL1 0.069 0.35 0.64 0.009 0.007 - - - - (3)

CR1 0.038 0.36 1.03 0.014 0.010 0.07 004 2.00 037 0.01 (4)
CR2 0.040 0.35 1.00 0014 0.011 0.07 038 1.96 035 0.01
CR3 0.041 0.35 1.03 0.014 0.010 0.07 0.78 1.96 037 0.01
CR4 0.042 038 1.06 0015 0.011 0.07 1.15 195 037 0.01
CR5 0.042 040 1.07 0014 0.011 0.07 1.50 1.98 035 0.01
CR6 0.042 0.38 1.06 0.014 0.011 0.07 182 192 034 0.01
CR7 0.042 033 146 0.013 0.010 0.065 0.04 1.98 037 0.01
CR8 0.040 0.35 143 0013 0.010 0.065 041 1.94 0.36 0.01
CR9 0.048 034 137 0013 0.010 0.065 075 1.86 034 0.01
CR10 0.043 034 145 0.013 0.010 0.065 1.15 1.98 0.38 0.01
CRM1 0.044 033 1.39 0.014 0.011 0.065 143 1.88 0.36 0.01
CR12 0.040 0.36 1.39 0.014 0.011 0.065 189 1.99 0.38 0.01

NIt 0.07 0.38 120 - - - - 094 - - (5)
MO1 0.14 029 144 0.029 0.006 - 0.05 0.06 o0.01 - (6)
MO2 0.14 024 154 0.027 0.029 - 0.03 0.03 0.19 -

MO3 0.14 0.31 1.3R 0.028 0.006 - 0.03 0.03 024 -

MO4 0.13 027 1.60 0.025 0.027 - 0.04 0.04 039 -

vi 0.073 035 064 0.004 0.005 - - - - 0.0003 (7)
V2 0.071 0.36 0.63 0.006 0.007 - - - - 0.0210

V3 0.071 0.40 0.64 0.006 0.008 - - - - 0.0435

V4 0.074 0.36 0.63 0.005 0.008 - - - - 0.0600

V5 0.072 0.36 0.64 0.006 0.008 - - - - 0.0815

V6 0.077 0.31 1.33 0.005 0.007 - - - - 0.0004

v7 0.072 033 122 0.006 0.008 - - - - 0.0190

v8 0.077 026 1.36 0.007 0.007 - - - - 0.0425

9 0.078 0.30 1.35 0.007 0.007 - - - - 0.0595

V10 0.076 026 1.36 0.006 0.007 - - - - 0.1005

Ref.: (1) Evans, G. M., 1983

(2) Svensson, L-E. and Gretoft, B., 1990
(3) Evans, G. M., 1990

(4) Surian, E. er ul., 1994

(5) Gretoft, B. et al., 1985

(6) Bhadeshia, H. K. D. H. et al., 1986b
(7) Evans, G. M., 1991



Table 2-3 (continued) : Heat input and austenite parameters of the weld
metals.

Mark Heat input /kJ cm™’ Austenite grain parameters
Average columnar grain width / um Sy /10°m™

C1 10 104 167
Cc2 ] 177
Cc3 102 1.70
C4 A 184
C5 A 1.84
C6 &6 204
Cc7 91 190
Cc8 n 219
Cc9 (¢Y] 251
C10 74 234
c1 65 266
C12 63 275
C13 67 259
C14 63 275
C15 63 275
C16 49 353
CM1 104 665 2.66
CM2 5 315
CM3 42 412
CM4 2 412
CM5 Il 244
CMé6 65 266
Cm7 60 289
CMs8 48 361
CM9 45 385
CM10 45 385
CM11 45 385
CM12 45 385
CM13 ¥ 481
CM14 K ) 481
CM15 40 433
CM16 45 385
AL1 10 7 218
CR1 21 115 151
CR2 109 159
CR3 104 167
CR4 % 182
CR5 R 188
CR6 0 192
CR7 102 1.70
CR8 ] 177
CR9 B 1.86
CR10 0 1.92
CR11 8 197
CR12 87 1.99
NI 104 60 289
MO1 118 72 24
MO2 72 241
MO3 7] 24
MO4 /3 241
Vi 10 118 146
V2 % 1.81
V3 106 164
V4 20 192
V5 % 1.81
V6 86 202
V7 ¢ 5] 183
v8 100 1.73
V9 :¢) 2.09
V10 87 200




The nucleation equation (i.e., equation 2-11) requires an estimation of two adjustable constants, which

were determined by best fitting to the experimental data:
K¥=5x10"" Kg =101 per atom

It is reasonable for K{* to be very small because a large number of atoms in the boundary plane must
participate in the formation of one ferrite grain. The value of K3 is difficult to properly justify since

the detailed shape and interfacial energy of the nucleus are unknown.

Some calculations for specific weld metals are here first illustrated, without allowing for segregation,
simply to show that the predicted trends are reasonable. Figs. 2-4, 2-5 and 2-6 show how the
transformation start temperature, ferrite volume fraction and nominal ferrite grain boundary varies

respectively with the heat input and chemistry with a constant austenite grain size.
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Fig. 2-4 : Variations in the transformation—start temperature for allotriomor-

phic ferrite with heat input and alloy chemistry.

Figs. 2-7 and 2-8 gives the variation in the nominal ferrite grain diameter and ferrite volume fraction

with the austenite grain boundary surface per unit volume.
Based on general experience of the steel welds, the trends are all reasonable.

Figs. 2-9 to 2-15 show examples of the calculated concentration profiles of weld CR2 in Table 2-3.
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